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Abstract 
Amorphous and nanostructured Al-based alloys have attracted significant interest owing to 
their promising properties, including high strength combined with low density. Unfortunately, 
the production of these advanced materials is limited to powders or ribbons with thickness of less 
than 100 micrometers due to the reduced glass forming ability of the Al-based alloys. Powder 
metallurgy through pressure-assisted sintering is a good solution to overcome the size limitation 
of these materials.  
In this thesis, Al84Gd6Ni7Co3 glassy powders were consolidated into high-strength bulk 
materials by hot pressing. The sintering behavior and the microstructural evolution during hot 
pressing were analyzed as a function of temperature. The results reveal that, through the careful 
control of the sintering temperature, the combined devitrification and consolidation of the 
amorphous Al84Gd6Ni7Co3 powders can be achieved, leading to bulk samples with the desired 
hybrid microstructure and with excellent room temperature mechanical properties. 
Beside the sintering temperature, the microstructural state of the starting material is critical 
in order to obtain bulk samples with the desired microstructure and related properties. 
Consequently, the variation of the initial structural state of the powders as well as of their 
thermal stability and phase evolution during heating may be used for further tuning the 
mechanical performance of the hot pressed Al84Gd6Ni7Co3 samples. 
In order to analyze this aspect, ball milling was used to vary the crystallization behavior of 
the gas-atomized Al84Gd6Ni7Co3 glassy powder. The influence of milling on microstructure and 
thermal stability was investigated as a function of the milling time. The results show that the 
traces of crystalline phases present in the as-atomized powder decrease gradually with increasing 
the milling time. The thermal stability of the fcc-Al primary phase increases while the thermal 
stability of the intermetallic phases decreases with increasing milling. Moreover, significant 
improvement in hardness occurs after milling, which is attributed to the amorphization of the 
residual crystalline phases present in the as-atomized powder. These finding demonstrate that 
milling is an effective way to change the initial structural state of the powders and to control the 
thermal stability of the material. 
The effect of the microstructural state of the starting material on the mechanical properties 
of the consolidated samples was investigated in detail. For this, the milled Al84Gd6Ni7Co3 glassy 
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powders were consolidated into bulk specimens by hot pressing. These materials exhibit superior 
mechanical properties than the samples produced from the as-atomized powder: record high 
yield strength of 1.7 GPa and fracture strength exceeding 1.8 GPa. This is combined with a 
plastic strain of about 4 %, Young’s modulus of 120 GPa and density of 3.75 g/cm3. A bimodal 
microstructure consisting of coarse grained and fine grained regions was achieved in the hot 
pressed samples by properly controlling the milling process. The exceptionally high strength is 
attributed to the increased volume fraction of the fine regions, whereas the plastic deformation is 
favored by the coarse regions, which are able to hinder crack propagation during loading. In 
addition, the fracture toughness is also improved by the existence of the coarse regions. 
The tribological properties of the Al84Gd6Ni7Co3 bulk samples were also evaluated. The 
wear resistance of the bulk samples produced from the milled powder is enhanced with respect to 
the specimens fabricated from the as-atomized powder, and both alloys exhibit improved wear 
properties compared to pure aluminum and Al88Si12. Abrasive wear is the main mechanism for 
these alloys.  
Finally, the corrosion resistance of these alloys was studied. The results indicate that the 
Al84Gd6Ni7Co3 bulk material produced from the as-atomized powder has better corrosion 
resistance than the samples obtained from the milled powder. The main corrosion behavior for 
these alloys is pit corrosion, intermetallic particle etchout and the corrosion of the Al-rich inter-
particle areas. 
These results clearly demonstrate that, by the proper selection of the sintering temperature 
and through the appropriate choice of the initial structural state of the powders, the combined 
devitrification and consolidation of amorphous precursors can be successfully used to produce 
bulk amorphous/nanostructured Al-based materials with tunable physical and mechanical 
properties. This expands the known boundaries of Al alloys and offers a new route for the 
development of novel and innovative high-performance Al-based materials capable to meet 
specific requirements. 
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Kurzfassung 
Aufgrund ihrer vielversprechenden Eigenschaften, insbesondere hinsichtlich der hohen 
Festigkeit in Verbindung mit einer geringen Dichte, sind amorphe und nanostrukturierte Al-basis 
Legierungen weltweit im wissenschaftlichem Fokus. Ein gravierender Nachteil ist jedoch die 
geringe Glasbildungsfähigkeit, die sich darin äußert, dass diese Materialien in der Regel nur als 
Pulvermaterial bzw. in Bandform mit einer Dicke von weniger als 100 µm hergestellt werden 
können. Daher ist der Weg über einen pulvermetallurgischen Prozess mit druckunterstütztem 
Sintern eine sehr vielversprechende Lösung, um größere Probengeometrien darzustellen. In der 
vorliegenden Dissertation wurde amorphes Pulver mit der chemischen Zusammensetzung 
Al84Gd6Ni7Co3 mittels Heißpressen zu kompakten, hochfesten Proben verdichtet. Der Einfluss 
der Temperatur auf das Sinterverhalten und die Gefügeentwicklung während des Heißpressens 
wurden dabei untersucht. Die Ergebnisse zeigen, dass durch eine sorgfältige Kontrolle der 
Sintertemperatur sowohl eine Entglasung als auch eine Konsolidierung des amorphen Pulvers 
erreicht werden kann. Dies führt bei Al84Gd6Ni7Co3 Pulver zu dichten Proben mit einer 
eingestellten hybrid-Mikrostruktur mit exzellenten mechanischen Eigenschaften bei 
Raumtemperatur.  
Neben den Sintertemperaturen ist darüber hinaus das Gefüge des Ausgangsmaterials 
entscheidend, um ein dichtes Material mit den gewünschten Eigenschaften zu erhalten. Die 
Veränderung des strukturellen Ausgangszustands des Pulvers kann, ebenso wie dessen 
thermische Stabilität und die assoziierte Phasenentwicklung bei Zufuhr thermischer Energie 
genutzt werden, um gezielt die mechanische Charakteristik zu konditionieren. Hierzu wurde die 
Methode des Kugelmahlens verwendet, um das Kristallisationsverhalten des gasverdüsten 
Al84Gd6Ni7Co3 amorphen Pulvers zu modifizieren. Der Einfluss des Mahlens auf das Gefüge und 
die thermische Stabilität wurden dabei eingehend, insbesondere unter dem Aspekt der 
Prozessdauer, untersucht. Die Ergebnisse zeigen auf, dass mit steigender Mahldauer der Anteil 
der kristallinen Phase abnimmt. Die thermische Stabilität der kfz-Al Primärphase nimmt zu, 
während die der intermetallischen Phasen abnimmt. Darüber hinaus ist eine Zunahme der Härte 
zu beobachten, welche der Amorphisierung der verbleibenden kristallinen Phase zugeschrieben 
wird. Dies zeigt, dass Kugelmahlen ein effektiver Weg ist, das Ausgangsgefüge des Pulvers zu 
verändern und die thermische Stabilität zu kontrollieren. 
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Der Einfluss des Gefüges des Ausgangsmaterials auf die mechanischen Eigenschaften der 
konsolidierten Proben wurde eingehend untersucht. Hierzu wurde gemahlenes amorphes 
Al84Gd6Ni7Co3 Pulver mittels Heißpressen zu kompakten Proben verfestigt. Das Material weist 
verbesserte mechanische Eigenschaften im Vergleich zu dem Proben auf, die mit gasverdüstem 
Pulver hergestellt wurden. Dabei wurde eine extrem hohe Stauchgrenze von 1.7 GPa und eine 
Bruchfestigkeit von 1.8 GPa auf, kombiniert mit einer plastischen Verformbarkeit von 4 %, 
einem E-Modul von 120 GPa und einer Dichte von 3.75 g/cm³, erreicht. Ein bimodales Gefüge 
bestehend aus grob- und feinkörnigen Gebieten konnte durch sorgfälige Kontrolle der 
Mahlparameter eingestellt werden. Diese außergewöhnlich hohe Festigkeit wird der 
Volumenzunahme der feinkörnigen Bereiche zugeschrieben; die plastische Deformierbarkeit 
jedoch wird durch die groben Strukturbereiche verbessert. Dabei wird die Rissausbreitung unter 
Last erschwert. Die Verbesserung der Kerbschlagzähigkeit wird ebenfalls durch den 
Volumenanteil der groben Bereiche hervorgerufen. Die tribologischen Eigenschaften der 
Al84Gd6Ni7Co3 Proben waren ebenfalls Gegenstand der Untersuchungen. Die 
Verschleißbeständigkeit der Proben, die mit gemahlenem Pulver hergestellt wurden, ist 
signifikant höher als die der Proben, die mit gasverdüstem Pulver hergestellt wurden. Weiterhin 
weisen beide Probenarten eine höhere Verschleißbeständigkeit als reine Aluminium- oder 
Al88Si12 Legierungen auf. Bei allen Proben konnte ein abrasiver Verschleiß als 
Hauptmechanismus beobachtet werden. 
Zuletzt wurde die Korrosionsbeständigkeit der verschiedenen Proben untersucht. Die 
Ergebnisse deuten darauf hin, dass gasverdüste Pulver bessere Eigenschaften aufweisen, als 
Proben, die aus gemahlenem Pulver hergestellt wurden. Die Hauptmechanismen während der 
Korrosion sind einerseits das Pitting, das Herausätzen von Partikeln intermetallischer 
Verbindungen sowie die Korrosion von Bereichen mit Al-Anreicherungen. Die Ergebnisse 
zeigen deutlich, dass eine geeignete Auswahl der Sintertemperatur und des Gefüges des 
Ausgangsmaterials zu einer kombinierten Entglasung und Verdichtung des amorphen 
Ausgangsmaterials führt. Die physikalischen und mechanischen Eigenschaften dieses massiven 
amorphen/ nanostrukturierten Al-basis Materials sind dadurch sehr gut einstellbar. Dieser 
Prozess eröffnet neue Horizonte der Einsatzmöglichkeiten von Al-Legierungen und stellt ein 
Verfahren dar zur Entwicklung neuer und innovativer, hochleistungsfähiger Al-Basis 
Legierungen.   
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1 
Introduction 
High strength is a long-standing objective pursued in metals and alloys. The strength of 
crystalline alloys is generally much lower than the theoretical strength owing to the presence of 
intrinsic lattice defects, such as dislocations, vacancies, stacking faults and planar faults [1-3]. 
Consequently, the dislocation slip mechanism rather than the whole crystal plane slip dominates 
the plastic deformation behavior in most conventional alloys at low temperatures, which largely 
reduces the resistance for plastic flow [4]. Strengthening of materials then requires a mechanism 
able to inhibit the lattice dislocation slip. In the last decades, tremendous efforts have been made 
to enhance the strength by blocking the dislocation slip, often by introducing secondary phases 
into the crystalline matrix to hamper the dislocation movement [5]. Along this line, conventional 
Al alloys are usually strengthened by age-hardening or precipitation-strengthening and relatively 
high yield strength can be achieved from the thermo-mechanical treatments that generate 
precipitation–strengthened microstructures [6]. However, an upper strength limit of ~0.7 GPa 
exists for these precipitation-strengthened alloys, which still cannot fulfill the rapid growing 
demand for high specific strength alloys for aerospace, transportation and building applications 
[7]. Another effective way to increase the strength is the reduction of the grain size and the 
corresponding increase of the grain boundaries that can act as effective obstacles to the 
dislocation movement. In this approach, the strength (σ) and the grain size (d) follow the well-
known Hall-Petch relation: 0 kd
    . Based on this concept, nanocrystalline (NC) and/or 
ultrafine-grained (UFG) Al-based alloys have been successfully produced by rapid quenching 
[8]. These alloys exhibit a remarkable high strength exceeding 1GPa. However, the advantage of 
the high strength characterizing these materials is largely suppressed by their limited dimensions, 
usually in the form of thin ribbons or rods with diameter less than 1 mm [9, 10].  
Recently, this limitation has been successfully overcome by producing large sections of 
NC and UFG Al-based alloys by consolidation and crystallization of glassy powders. Compared 
to other methods, this approach has many advantages; for example, it is simple and capable of 
producing large quantities of NC/UFG samples and it has a good control over microstructural 
features like the grain size, which can be varied within a wide range [11]. In this way, a variety 
of large-scale bulk Al-based materials with superior mechanical properties have been produced. 
Examples are the Al85Ni5Y8Co2 alloy with high compressive strength (1420 MPa) synthesized by 
  
2 
consolidation of gas-atomized glassy powders [12] and the Al85Ni10La5 alloy with compressive 
strength of 1341 MPa obtained by spark plasma sintering [13].  
The basic requirement for achieving high strength level through the consolidation and 
crystallization method is the proper control of the crystallization of the amorphous precursors 
[11]. Through this, it is possible to tune the mechanical properties of the consolidated NC/UGF 
Al-based alloys. For example, the consolidation parameters are crucial issues for deciding the 
final structure and the properties of the materials. Among them, the consolidation temperature 
has the main effect on the structure of bulk samples produced by consolidation of amorphous 
precursors. In fact, depending on the sintering temperature, a large variety of structures can be 
achieved during consolidation and crystallization of amorphous powders.  
The crystallization behavior is also significantly affected by the starting state of the 
amorphous precursor, including initial structural state and thermal stability. It has been found 
that the thermal stability of the glassy powders or ribbons has a direct influence on the 
microstructure and related properties of the final bulk consolidated material [14-16]. In other 
words, the microstructural state of the amorphous precursor is critical for controlling the 
consolidation parameters and to obtain bulk samples with the desired properties. As a result, the 
control of the initial structural state of the glassy material and the corresponding thermal stability 
and phase evolution during heating is a crucial aspect for the consolidation process.  
Quenched-in nuclei or nanocrystals are frequently present in Al-based glassy alloys even 
in samples produced by rapid quenching, such as gas-atomized powders or melt-spun ribbons, 
due to the poor glass formability of these alloys [17-19]. The high density of quenched-in nuclei 
has a significant influence on the microstructure and thermal stability of the glassy ribbons or 
powders during heating. The crystallization mechanism of Al-based amorphous alloys containing 
quenched-in nuclei usually includes the growth of the quenched-in nuclei at temperatures below 
the crystallization of the glassy phase and results in relatively low activation energies for the 
primary crystallization [20-22]. For example, it has been observed in the Al 88Gd6La2Ni4 metallic 
glass that quenched-in Al nuclei grow well below the glass transition temperature before the 
onset of primary crystallization, where a high density of Al nanocrystals nucleates from the 
residual glassy matrix [23]. It is therefore important the ability to accurately control the volume 
fraction of the quenched-in nuclei or nanocrystals in the amorphous matrix through 
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amorphization/crystallization methods to achieve the desired microstructure and properties of the 
consolidated bulk material.  
Among the different processing routes, ball milling (BM) has been extensively used for 
the formation of amorphous powders from crystalline precursors (mixtures of elemental powders 
or of intermetallic compounds [20]) through the microstructural breakdown followed by inter -
diffusion of elements or mechanically driven atomic mixing among previously formed 
nanocrystals multilayer [24-26]. Alternatively, glassy powders can be produced directly by 
mechanical pulverization of amorphous ribbons [26]. However, depending on the system and on 
the milling parameters, BM of amorphous precursors can also lead to mechanically-induced 
crystallization of the glassy phase [27,28]. Therefore, ball milling represents the ideal tool for 
controlling microstructure and thermal stability of amorphous powders. 
Accordingly, in this thesis ball milling has been used to properly vary the initial structural 
state and the thermal stability of the gas-atomized Al84Gd6Ni7Co3 particulate amorphous 
precursor with the aim of optimizing and tuning the microstructure and related mechanical and 
physical properties of the bulk samples prepared by the consolidation and crystallization method.  
A theoretical background, discussing the basic concepts of preparation and crystallization 
of metallic glasses, bulk nanocrystalline materials, powder technology and a summary of the 
recent results on high-strength aluminum alloys, is given in Chapter 1. Details about the 
experimental procedures, including pressing routes and characterization techniques used in this 
work, are given in Chapter 2. Chapter 3 presents the effect of ball milling on microstructure and 
thermal stability of the Al84Gd6Ni7Co3 glassy powder. In Chapter 4, the influence of the 
consolidation temperature on microstructure and properties of both as-atomized and ball milled 
precursors are investigated. In Chapter 5, the deformation mechanism of the bulk material 
produced by consolidation of the milled powder is analyzed and discussed in detail, and the 
tribological and corrosion properties are presented. Finally, the conclusions of this work are 
summarized in Chapter 6. Pertinent references are given at the end of each chapter. 
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Chapter 1: Theoretical background 
This chapter will firstly introduce what metallic glasses are and how to produce them; 
this will be followed by the fundamental aspects of their crystallization. In the second part of this 
chapter, bulk nanocrystalline (NC) materials will be presented, with the focus on their 
processing, structure and mechanical properties. Among the different processing routes, powder 
metallurgy has been proved as an effective method for producing bulk NC materials. 
Accordingly, the basic concepts of powder metallurgy will be discussed in the third part of the 
chapter; these include powder production, powder consolidation, sintering and hot pressing. The 
last part of this chapter will be dedicated to the latest development of aluminum-based alloys, 
especially of the bulk NC Al-based alloys because of their high specific strength.  
 
1.1 Preparation and crystallization of metallic glasses 
1.1.1 Preparation 
Since the first successful formation of the Au75Si25 metallic glass by Duwez in 1960 [1], a 
wide range of metallic glasses have been produced; these include transition metal (TM)-
metalloid, zirconium-, copper-, iron-, aluminum- and lanthanide-based glasses [2]. The glass has 
essentially a liquid-like structure. The atomic arrangement lacks the three-dimensional 
periodicity of the crystals but it displays local order limited to few atomic distances (i.e. the 
short-range order (SRO)) [3].  
 
 
Figure 1.1 Schematic illustration of the possible thermodynamic states of alloys: (a) unstable equilibrium, 
(b) metastable equilibrium, (c) stable equilibrium, and (d) unstable non-equilibrium state. The vertical 
axis shows the Gibbs free energy, whereas the horizontal represents the changes in structure [4]. 
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Metallic glasses are not thermodynamically stable. They are metastable phases with 
Gibbs free energy (position (b) in Figure 1.1) located between the unstable (position (a)) and 
stable (crystalline) equilibrium (position (c)) conditions. That is, the atomic configurations in 
metallic glasses would evolve towards the crystalline phase, the more stable state. However, this 
transformation requires thermal activation in order to surmount the energy barrier for the atomic  
diffusional jumps between the local potential wells. As a result, metallic glasses, which are 
thermodynamically unstable, may be thought of as kinetically metastable [4].  
 
 
Figure 1.2 Gibbs free energy G, viscosity η and density ρ as a function of temperature during cooling 
from the melt [4]. 
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Metallic glasses, which can be considered as frozen liquids, have different properties 
compared with the crystalline state. Figure 1. shows schematically the changes in density, 
viscosity and Gibbs free energy of metallic glasses and crystals cooled from the liquid state. The 
liquid has a higher Gibbs free energy than the crystalline solid when the temperature is lower 
than melting point, Tliq; therefore, it is the thermodynamically unstable phase at that temperature 
and tends to transform to the crystalline solid. If a critical nucleus is provided, the undercooled 
liquid will crystallize, giving rise to the discontinuous increase of viscosity and density. On the 
other hand, if the cooling rate is sufficiently high, giving no time for nucleus formation, the 
system continues to follow the viscosity, density and G liquid curves without any change at Tliq. 
In this case, the crystallization can be avoided, leading to the formation of the amorphous phase 
at Tg.  
 
Rapid solidification 
Rapid solidification (RS) is used widely to produce metallic glasses [4]. It can be defined 
as the rapid extraction of heat during the transition from the liquid state at high temperatures, to 
the solid material at ambient temperature [5]. When the melt is thermodynamically supercooled, 
it undergoes nucleation and growth under the condition of a sufficiently slow cooling rate. If the 
cooling rate is high enough that the viscosity is sufficiently high to give no time for nucleus 
formation, the crystallization can be avoided. High cooling rates of the metallic liquids from 103 
to 109 K/s can be obtained during rapid solidification, which can give rise to undercooling of 
100K or more before solidification [5, 6].  
Usually, the shape and size of metallic glasses prepared by RS can be classified into three 
broad categories: powders, ribbons or wires, and bulk metallic glasses (BMG). The metallic glass 
powders usually are produced by atomization, where the liquid is broken into small droplets and 
solidifies quickly [7]. The ribbons or wires are usually prepared by melt spinning, where the 
melt-stream flows onto a rotating wheel and freezes, which can give cooling rates in the range of 
105 to 106 K/s [8]. BMGs, with thickness of at least a few millimeters, can be produced by many 
casting methods, such as water-quenching method, high-pressure die casting, copper mold 
casting and suction-casting method [9]. 
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Solid-state amorphization 
Besides RS, solid-state amorphization is also used to obtain metallic glasses, especially 
for the alloys which are difficult to amorphize by RS. Ball milling (BM) is a widely used method 
for solid-state amorphization. BM can be classified into mechanical alloying (MA) [10-12] and 
mechanical milling (MM) [11-16]. MA is a milling method where the starting powder consists of 
a mixture of elemental powders as well as of intermetallic compounds, while in MM the starting 
material is a single-phase powder, such as a pure element or an intermetallic compound [17]. The 
main difference between MA and MM is that no alloying occurs in MM.  
Several alloy systems have been found to form amorphous phases by MA or MM, such as 
Al-, Co-, Cu-, Fe-, Mg-, Mo-, Nb-, Nd-, Ni-, Ti-, Zr-based alloys [11, 18]. MA and MM are 
usually performed using high-energy milling equipment, such as SPEX shaker mills, planetary 
ball mills and attritor mills.  
The basic principles of amorphization by solid-state reaction are illustrated in Figure 1.3. 
As shown in Figure 1.1, an energy barrier exists between the amorphous and crystalline states. 
Therefore, external energy (Gx = (G0 - Gx)) is needed for the crystalline state to overcome the 
energy barrier at G0 and to form the metastable amorphous phase. For BM, this state may consist 
of: a layered system of two crystalline elemental metals (if the alloy system has a negative free 
enthalpy of mixing); a phase with a high density of lattice defects; a crystalline phase far from 
equilibrium [20]. The free enthalpy of the initial state can be lowered either by the formation of 
the equilibrium crystalline phase (Gx) or by the formation of the metastable amorphous phase 
(Gam). The crystalline equilibrium state is thermodynamically favored since it has the lowest 
Gibbs free energy. However, the selection of the crystalline or amorphous phases is decided by 
the kinetics of the process rather than by thermodynamic factors. If the timescale of the reaction 
from G0 to the amorphous phase is greatly shorter than the reaction to the crystalline phase and 
the reaction temperature is significantly below the crystallization temperature, the formation of 
the amorphous phase is then possible. These kinetic constraints can be summarized as [19, 20]: 
 
                                                ,                       (1.1) 
                                                                  ,                  (1.2) 
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where am0 and x0  are the characteristic reaction times for the formation of the amorphous 
and equilibrium crystalline phase, respectively, and xam  is the timescale for crystallization of 
the amorphous phase. 
 
 
Figure 1.3 Schematic representation of the basic principles of amorphization by solid-state reaction 
[19,20]. 
 
 
Figure 1.4 Ball-powder-ball collision of a powder mixture during mechanical alloying [11]. 
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The process of mechanical alloying of two different metals is schematically shown in 
Figure 1.4. At the early stage of MA, the particles are flattened by a micro-forging process 
resulting from the collisions with the milling balls. With continuing milling, the flattened 
particles are cold welded and grow in size, resulting in the formation of a composite lamellar 
structure of the constituent metals [20]. Then the lamellar structure is fragmented resulting in 
equiaxed particles. With further milling, the lamellar structure becomes convoluted rather than 
being linear. At this stage, the hardness and size of the particles are stable, so this stage is also 
called steady-state processing stage. For longer milling times, the layer spacing disappears or 
becomes too small to be detected. With further milling, the diffusion reaction may occur. This is 
assisted by the decreased inter lamellar spacing and related diffusion distances, along with the 
increased lattice defect density [11]. Finally, the amorphous phase forms at the interfaces 
between the two elements [21].  
The amorphization mechanism of MM [11-16] is based on the destabilization of the 
crystalline phases by the accumulation of structural defects such as vacancies, dislocations, grain 
boundaries, and anti-phase boundaries. As a result, the energy of the system increases with 
continuous grain refinement during milling owing to the increased density of grain boundar y 
(GB) and lattice expansion. It has been reported that the stored energy can reach about 50% of 
the enthalpy of fusion. Owing to the high defects density, the energy of the intermetallic system 
can be arisen to a high level, like G0 in Figure 1.3, and consequently, it is possible for the 
intermetallic to transform to the amorphous phase [11]. Two major defect-driven mechanisms for 
the crystal to amorphous transition during MM have been proposed:  
(1) Crystallite-refinement-induced amorphization: when the NC grains fall below some 
critical value, the free energy increases in the GB areas and can act as the driving force for 
amorphization [22]. 
(2) Chemical disordering induced amorphization: the starting intermetallic system passes 
through a chemically disordered state of higher free energy and then the relaxation from the 
disordered state determines the final structure; if the relaxation rate is too low, the system is 
driven into the amorphous state on further milling [13, 15].  
There are also other mechanisms proposed for explaining solid-state amorphization. The 
mechanism of amorphization induced by local temperature rise suggests that during MA/MM, 
the local effective temperature can rise above the melting temperature as the result of high-
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energetic collisions; the melted regions are then rapidly solidified by the fast heat conduction 
into the rest of the sample so that an amorphous region is formed [23]. However, the energy 
input calculations and the temperature measurements suggest that the temperature rise is not 
large enough for the powder particles to melt [11]. Another possible factor, which may lead to 
the crystalline-to-amorphous transition, is the introduction of contamination in the ball milled 
powders [21, 24].  
 
1.1.2 Crystallization  
As mentioned previously, metallic glasses are in a metastable state and they transform to 
the equilibrium state during heating. Crystallization of metallic glasses can be induced by 
annealing, radiation, high pressure and milling [4, 11]. Crystallization of metallic glasses has 
been widely studied in the last decades due to numerous reasons. For example, crystallization of 
metallic glasses is a suitable method to produce NC materials; in addition, it permits to 
characterize the stability of metallic glasses in order to preserve desirable properties under 
service conditions; it is also helpful to investigate the fundamental aspects of the processes of 
nucleation and growth, because the crystallization of a glass is very much slower than 
conventional solidification of a liquid.   
The driving force for crystallization is the Gibbs free energy difference (  ) between the 
amorphous and the crystalline phases (Figure 1.2). The total Gibbs energy change (  ) during 
crystallization is [25]: 
                                       ,                       (1.3) 
where       is the free energy difference between the liquid and the crystalline solid, which is 
the driving force of crystallization;     is the extra energy needed for the creation of an interface 
between the two phases, which acts as the barrier for crystallization;     is the Gibbs free energy 
difference between unit volume of the crystal and liquid,  is the interfacial energy per unit area 
of the solid/liquid interface and A is the surface area of the nuclei.  
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Figure 1.5 Free energy of formation of a spherical embryo as a function of the radius r [29]. 
 
Normally, nuclei are taken as spherical (radius is r); then Eq. (1.3) can be expressed as 
[26-28]: 
   
  
 
         
  (1.4)
Figure 1.5 shows G as a function of r at a temperature below Tliq. Both     and   are 
dependent on r, since            and       , it can be inferred from Figure 1.5 that 
       decreases when the nuclei grow, whereas      increases when the nuclei grow. From Eq. 
(1.4) follows: 
r# = 
G

2
    .        (1.5) 
Combining Eq. (1.4) with Eq. (1.5), the critical value of G corresponding to r# is equal to: 
   
     
    
            .                   (1.6) 
The surface area A corresponding to r# is equal to: 
           
     
   
                          .                              (1.7) 
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It can be seen that         , which means that the volume free energy (     ) supplies only 
2/3 of the increased system energy by nucleation, the o ther 1/3    is provided by energy 
fluctuations [28,30]. When the nuclei size is larger than r#, the volume free energy (     ) 
dominates the nucleation process, and the net free energy change becomes negative, making 
large embryos stable.   
For homogeneous nucleation, the crystal nucleation rate (  ) is the product of kinetic and 
thermodynamic terms as follows [31]: 
   
  
 
     
  
   
                                 ,                         (1.8) 
where    is a constant of the order of 10
32, η is the viscosity,    is the free energy difference 
between the liquid and the crystalline solid and    is the Boltzmann constant. η is expected to 
follow a Vogel–Fulcher–Tamann (VFT) relationship with regards to temperature [32] as:  
         
    
    
                                   .                         (1.9) 
The value of    is approximately 4×10-5 Pa×s, and  
  and    are ﬁtting parameters.  
  is 
commonly referred to as the fragility parameter and    is the VFT temperature. 
Eq. (1.8) defines the homogeneous nucleation rate and it is related to both 
thermodynamic (  ) and kinetics aspects (η), such as the atomic mobility. The mobility of the 
crystal/glass interface itself and the solute redistribution mostly determine the crystallization rate. 
The maximum nucleation rate occurs at low temperature, near    , where the thermodynamic 
driving force can overcome the solid/liquid interfacial energy and the atomic mobility is slow at 
the same time. This high nucleation rate results in very small grains when the crystallization of a 
glass occurs near    [4].  
The activation energy for crystallization (Ea), which corresponds to the height of the 
potential energy barrier that the metallic glass has to surmount to transform into the crystall ine 
state, can be obtained from isochronal calorimetric measurements through the Kissinger method  
or from isothermal calorimetric measurements using the Johnson-Mehl-Avrami (JMA) method 
[33-36]. During continuous heating, the crystallization of glasses is shifted to higher 
temperatures with increasing heating rate. The variation of the crystallization peak temperature 
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   can be used to determine the activation energy of the reaction. The Kissinger’s method can be 
expressed as [36]:  
                
 
  
     
 
   
                                    ,                           (1.10) 
where Q is the heating rate for the differential scanning calorimetry (DSC) scan, E stands for the 
activation energy, R is the gas constant and A is a constant. By plotting        
   versus (1/   , 
a straight line with slope E   can be obtained, which gives the activation energy for the 
crystallization event.   
During isothermal annealing, the crystallized volume fraction can be accurately 
determined by measuring the area of the exothermic DSC peak and by assuming that the 
transformed volume fraction   up to any time   is proportional to the fractional areas of the 
exothermic peak [37, 38]: 
                                  
 
 
 
 
                                       (1.11) 
        is the crystallized fraction after time   at a constant temperature  . The kinetics of a 
phase transformation is usually analyzed in terms of the generalized theory of phase transitions 
[39]: 
                     
                          ,                   (1.12) 
where   is the reaction rate constant,   is the incubation time and   is the Avrami exponent. Eq. 
(1.12) can be rewritten as the well-known JMA equation: 
                                                                             (1.13) 
Plotting                against         for different annealing temperatures, the Avrami 
exponent   and the reaction rate constant   can be calculated from the slopes and intercepts of 
the lines. The crystallization mechanism is related to the value of the Avrami exponent n, which 
can be expressed as [39]: 
                                                     ,                               (1.14) 
where   is the nucleation index (     for zero nucleation rate,       for decreasing 
nucleation rate with time,     for constant nucleation rate and     for increasing nucleation 
rate),   is the dimensionality of the growth (1, 2 or 3), and   is the growth index (    for 
interface controlled growth and       for diffusion-controlled growth). For diffusion-
controlled growth, one may have the following cases: 1        indicates the growth of 
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particles with an appreciable initial volume;       indicates growth of particles with a 
nucleation rate close to zero; 1.5        reflects growth of particles with decreasing 
nucleation rate;       reflects growth of particles with constant nucleation rate and       
pertains to the growth of small particles with an increasing nucleation rate [39].  
 
 
Figure 1.6 Schematic free-energy curves for a binary alloy system, showing how the glass can lower its 
free energy by undergoing crystallization [4].  
 
As illustrated schematically in Figure 1.6 (amorphous phase (glass), solid solution (α) 
and intermetallic (β)), three types of crystallization can be distinguished: polymorphic, eutectic 
and primary crystallization [4, 40]: 
i) Polymorphic crystallization: the glass crystallizes into a single crystalline phase of the same 
composition. The glass can transform to a solid solution when the composition is in (1)  and 
to an intermetallic phase when the composition is in (2).  
ii) Eutectic crystallization: two crystalline phases grow cooperatively when the composition is 
in (3). It is similar to the eutectic crystallization from liquids during solidification. There is 
no overall composition difference between the glass and a eutectic colony. Within the colony 
clear lamellar structures are rarely observed, and the microstructure is on a fine scale which 
does not vary strongly with the crystallization conditions.  
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iii) Primary crystallization: the glass in the composition (4) will first form a single crystalline 
phase which has a different composition with respect to the glass. Solute partitioning is 
involved and the crystalline phase is often dendritic.   or β phases can then be formed 
through the reaction              . The glass does not generally fully devitrify by 
primary crystallization and the remaining glassy matrix of changed composition may 
undergo a distinct crystallization step, like polymorphic or eutectic crystallization. 
 
1.2 Bulk nanocrystalline materials 
1.2.1 Processing  
Nanocrystalline (NC) materials can be defined as solids (single-phase or multi-phase 
polycrystals) with grain sizes in the range of 1-100 nm [41]. Thus, depending on the dimensions 
in which the length scale is in the nanometer range, they can be classified as (a) nanoparticles, 
(b) layered or lamellar structures, (c) filamentary structures, and (d) bulk nanostructured 
materials [7]. Bulk NC materials are usually synthesized by two-step approaches, such as nano-
powder synthesis and consolidation [42-44], or one-step approaches, such as severe plastic 
deformation (SPD) and rapid solidification [42, 45, 46]. 
For the “two-step” processes, the first step is the production of nanopowders. These can 
be produced by several methods, including inert-gas-condensation, mechanical attrition, 
chemical reactions and other chemical methods. Subsequently, the powders have to be 
consolidated into the bulk form. Pressing and/or extrusion, assisted by heat, pressure, and 
magnetic or electric fields, are the mostly used methods to consolidate the nanopowders [42].  
The limited ductility of NC materials produced by the “two-step” processes is the main 
drawback due to the relatively low theoretical density [42, 47] resulting from entrapped gases, 
oxidation and other contaminations during consolidation. A great effort has been made recently 
to improve the densification without significant coarsening of the nanoscale microstructure, for 
example by cold rolling [42, 47, 48].  
SPD techniques emerged in 1991 as a novel processing strategy to obtain structural 
refinement with large potential for significant property enhancements [46, 49, 50]. The most 
used SPD processes are equal channel angular pressing (ECAP) and high pressure torsion (HPT). 
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During SPD, very large strains are imposed, leading to exceptional grain refinement. A unique 
feature of SPD processing is that strains are imposed without any significant change in the 
overall dimensions of the workpiece [51]. However, these techniques have two main drawbacks. 
Firstly, forming machines with large load capacities and expensive dies are indispensable for  
these processes. Secondly, the productivity is relatively low and the amount of material produced 
is very limited. These processes are thought to be inappropriate for practical applications, 
especially for large-sized structural materials, such as sheets [45]. 
The synthesis of bulk NC materials by crystallization of amorphous solids has been 
reported in the last decades [52]. The basic principle of this method is to control the 
crystallization kinetics of the amorphous solids. The microstructure and properties can be then 
optimized by controlling the annealing conditions, such as annealing temperature, time, and 
heating rate [18]. The precursor amorphous solids can be produced by rapid casting processing 
or by consolidation of amorphous powders at temperatures below   , as schematically illustrated 
in Figure 1.7. 
 
 
Figure 1.7 Synthesis routes of NC materials by crystallization of amorphous solids. 
 
The method of crystallization of amorphous solids has been successfully applied to the 
production of NC materials in various systems, such as Al-, Fe-, Zr-, Ni-, and Co- based alloys 
[18]. This method has many attractive advantages [52]: 1) it is simple, convenient, and capable 
of producing large quantities of NC samples; 2) the grain sizes can be controlled over a wide 
range; 3) some of these NC materials are porosity-free, which provides an efficient route to study 
their intrinsic structure and properties; 4) functional NC materials such as intermetallics, 
supersaturated solid solutions and composites can be easily synthesized.  
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1.2.2 Structure 
Nanocrystalline materials have many specific structural features compared with the 
coarse grained materials [42]: grain size below 100 nm, thin GBs (around 1 nm), high volume 
fraction of grain boundaries (which can reach 10 vol.% compared with 1 vol.% of the coarse 
grained materials) and of triple junctions between the nanograins and high density of defects 
along the grain boundaries. 
There are three key features for NC materials: grain size, GBs and triple junctions.  
Grain size in the NC materials should be no more than 100 nm at least in one dimension. 
The plastic deformation in conventional polycrystalline materials is mostly controlled by 
dislocation slip and dislocation block at the grain boundaries or secondary phases. However, in 
NC materials, the free path is very small and the generation and movement of the dislocation are 
hampered in the nano-scaled grains.  
The large volume fraction of grain boundaries in NC materials is an important 
characteristic compared with the coarse grained materials. Grain boundaries can be divided in 
four types, as shown in Figure 1.8 [42]: low-angle periodic boundaries, non-equilibrium high-
angle periodic boundaries, non-equilibrium grain boundaries containing high-density ensembles 
of defects, and amorphous grain boundaries. The nanograin boundaries have a large number of 
defects, which can be classified into intrinsic and extrinsic defects [53]. Usually, dislocations in 
the grain boundaries are needed to balance the adjacent grains like the geometrical 
misorientation mismatch. The dislocations originated by the geometrical mismatch are intrinsic 
defects and cannot vanish [53]. On the other side, the extrinsic defects, like vacancies and 
dislocations, which occurred because of the non-equilibrium processing or the high strain rate 
deformation, can be removed by relaxation. For example, the dislocations with opposite Burgers 
vectors can be annihilated during heating. As a result, the state in Figure 1.8 (c) can transform to 
the more stable state in Figure 1.8 (b) by the relaxation process. 
Triple junctions with diameter about 1-2 nm are the places where the grain boundaries 
join together. They are recognized as line defects with different structure and properties 
compared with the grain boundaries. The diffusion along triple junctions is expected to be faster 
than the diffusion along grain-boundaries and in the grain interior. The triple junctions also can 
act as obstacles for the GB-sliding or boundary-rotation [42, 53]. 
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Figure 1.8 Schematic of the different types of grain boundaries: (a) low-angle periodic boundary; (b) 
high-angle periodic boundary; (c) non-equilibrium GB containing high-density ensembles of defects; and 
(d) amorphous GB [42]. 
 
1.2.3 Mechanical properties and deformation mechanism 
Mechanical properties 
Nanocrystalline materials have ultrahigh strength, higher hardness at lower temperature 
but lower ductility compared to their coarse grained counterparts. 
The overview of the flow stress as a function of the grain size is schematical ly shown in 
Figure 1.9. When the grain size of the material is above 100 nm, yield strength and grain size 
follow the semi-empirical Hall-Petch equation [54-56]: 
        
                    ,                                           (1.15) 
where σy is the yield strength, σo is a friction stress, k is a size-independent constant and can be 
obtained from the Hall-Petch slope, and d is the grain size. The mechanism of the Hall-Petch 
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behavior has been explained by the pile-up of dislocations at the grain boundaries [48]. With 
decreasing the grain size, the length of the dislocation pile-ups becomes shorter, resulting in 
lower stress concentration in front of the pile-ups, which needs more external force to activate a 
dislocation source in the adjacent grain. As a result, the strength increases with decreasing grain 
size. When the grain size decreases to some degree, the strengthening is less pronounced because 
the grain boundaries increasingly come into to play; for this reason the highest strength are 
reported at about 10 nm [48]. With further grain refinement, the inverse Hall-Petch behavior, 
which consists in materials softening, may become active [57]. The mechanism of the inverse 
Hall-Petch behavior is not completely clarified yet. Different models have been used to explain 
it, including GB sliding, grain rotation and GB diffusion [57]. 
 
 
Figure 1.9 Schematic representation of the variation of yield stress as a function of grain size in micro 
crystalline, ultrafine crystalline and nanocrystalline metals and alloys [48].  
 
Nanocrystalline materials show reduced ductility compared with their coarse grained 
counterparts; for example, the uniaxial tensile elongation before necking is much smaller than 
the coarse grained materials with the same chemical composition [58]. When the grain size is 
below about 30 nm, the tensile elongation is typically less than 2-3%. This behavior is often 
attributed to the lack of strain hardening [58]. Force instability in tension occurs ear ly due to the 
low strain hardening, resulting in early fracture. The plasticity of the coarse grained metals is 
usually controlled by the nucleation and motion of dislocations. However, in the NC materials, 
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the dislocation activity is reduced and, for extremely small sizes, even not expected to exist 
within the individual grains because of the limited size and high volume fraction of grain 
boundaries [48]. Instead, the GB-mediated plasticity has been recognized as the dominant 
deformation mechanism in NC materials [59, 60]. The artifacts from processing are also another 
important reason for the limited ductility of NC materials. Because most of bulk NC materials 
are produced by the two-step processing, contamination or oxidation of the specimens may occur 
during processing. In addition, residual porosity in the bulk NC materials after consolidation may 
also affect the properties. These defects usually are the weak areas where the stress concentration 
accrued.  
 
Deformation mechanism 
Lots of efforts have been made to describe the mechanism of plastic flow in NC materials 
and several models have been developed. Essentially, the models are based on the evolution of 
defects, such as lattice dislocations, GB dislocations, vacancies etc.[42]. The mechanism can be 
summarized as the competition between the lattice dislocation slip and the mechanism related to 
GBs and triple junctions. GBs and triple junctions are active through GB sliding, GB diffusional 
creep, triple junction diffusional creep and rotational deformation [53]. There is a critical grain 
size (rc) above which nanoscale and interface effects on lattice dislocation slip play the major 
role [48]; when the grain size is reduced below rc, GBs and triple junctions come into play. The 
critical value of rc can be determined by [61]: 
   
            
 
                          ,                                   (1.16) 
where   reflects the character of the dislocation (       and 1.0 for edge and screw 
dislocations, respectively),   is the shear modulus (~ 35 Gpa for aluminum),    and    are the 
magnitudes of the Burgers vector and of the Shockley partial dislocation, and   is the stacking 
fault energy (104-142 mJ/m2 for aluminum). 
 
Nanoscale and interface effects on lattice dislocation slip:  this mechanism considers the 
dislocation slip in the nanograin interior the same as in coarse grained polycrystals [53]. In this 
approach, the Hall-Petch relationship is still effective in NC materials, which is similar to the 
case of coarse grained materials where GBs are taken as the barriers for the dislocation motion: 
dislocation slip is blocked at the GBs, dislocations piled-up in the grain interior and lattice 
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dislocation penetrates through the GBs. The models related to the Hall-Petch relationship in NC 
materials can be divided into two types [42]. In the first type, GBs act as barriers to the 
dislocation pile-ups, causing stress concentration and activating dislocation sources at the 
neighboring grains. In the second type, the motion of dislocations is limited in the grain interior 
by the GBs, which limit the mean free path of the dislocations, thereby increasing the strain 
hardening [42, 53].  
Although this model considers the Hall-Petch relationship still valid in NC materials, 
there are some differences compared with the coarse grained materials. In coarse grained 
polycrystals, the yield stress    increases linearly with  
     because there are a large number of 
dislocations in a pile-up and plasticity is not source limited [53]. For the lattice dislocation slip, 
the yield stress should rise faster or it should saturate as the grain size d decreases, but it should 
not decrease when d is small [42]. In this situation, Chou gives the relation to calculate the length 
of the pile-up L as [62]: 
       
 
  
             
  
 
 
   
                           ,             (1.17) 
where n is the number of dislocations in a pile-up,       
                  , for edge 
dislocations, and             for screw dislocations;   is the Burgers vector, G is the 
shear modulus, and   is the Poisson ratio. An improved expression was given by Pande and 
Masumura [42]: 
     
 
  
             
    
               
                     ,            (1.18) 
where   is a small correction term       and can be neglected. Then, the Hall-Petch relation 
can be expressed as: 
                             
   
         
   
                      ,            (1.19) 
where  , N and P are constant parameters. This model recovers the classical Hall-Petch 
relationship at large grain sizes but for smaller grain sizes,   levels off. This model therefore 
cannot explain a drop in  .  
Although the value predicted by this models show good correspondence with the 
experimental data, they cannot be used at the very small grains: the effective grain size range for 
these models is about           . This is because these models are based on the 
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assumption that the dislocation slip and pile-up of dislocations in NC materials are the same as in 
the coarse grained materials.  
 
Deformation modes associated with GB and triple junctions: as described above, when the 
grain size is smaller than rc, abnormal Hall-Petch relationship occurs and GBs mediated 
mechanisms come into play. One important mechanism is based on the enhanced diffusion along 
GBs and triple junctions [42]. In this mechanism, triple junction diffusion, which is characterized 
by high values of the diffusion coefficient, is thought to play an important role in plastic 
deformation. When the volume fraction of triple junctions and GBs is very high, they can 
connect each other as a network through the bulk NC materials. The atoms/vacancies will be 
activated and diffusion along the continuous network of the triple junctions occurs with high 
velocity during loading and deformation [42]. The diffusion along the triple junction network 
results in the macroscopic plastic deformation of the NC materials. Some models have been 
proposed by using the diffusion along GBs and triple junctions. Coble creep is the most used and 
it is considered as one of the dominant deformation modes in NC materials [63, 64]. The effect 
of triple junction diffusion creep and GB diffusion creep increases with grain refining, causing 
the abnormal Hall-Petch relationship [65].  
GB sliding is another mechanism which competes with the lattice dislocation motion in 
NC materials [59]. GB sliding occurs via the dislocations motion in the GBs, where the Burgers 
vectors of the dislocations are tentatively parallel to the boundaries plane. The dislocations can 
be intrinsic or extrinsic dislocations in GBs or from the grain interior. The dislocation motion can 
be blocked by the triple junctions and by the dislocation pile-ups in front of the triple junctions 
[42]. During deformation, when the stress of the GB dislocations overcomes the obstacles, GB 
sliding occurs and the GB structure undergoes transformations to accommodate and contribution 
to plastic flow in NC materials. GB sliding is related to the dislocation density. High density of 
lattice and GB dislocations favors GB sliding; on the other hand, decreasing the dislocation 
density will weaken GB sliding. Most of the NC materials produced by non-equilibrium 
processing have high defected GBs, which results in a high dislocation density during 
deformation, thus causing GB sliding. Heat-treated NC materials have lower dislocation density 
compared with the as-produced samples and are less prone to GB sliding.  
  
25 
The yield stress can be obtained by treating the transformation of GB dislocations as a 
basic elementary act of plastic deformation at its initial stage as [42, 66]: 
                                                ,                    (1.20) 
where    and    are constants,   is the length scale characterizing elastic interaction between 
GB dislocations located near different triple junctions.  
Rotational deformation has been proposed as one of the deformation modes in NC 
materials [67]. In this mode, crystal lattice rotations occur through motion of GB disclination 
dipoles, which are able to effectively contribute to the plastic flow in NC materials. The running 
process of rotational deformation is the interplay between GB dislocations and triple junctions. 
The GB dislocations are stopped at a triple junction and split into climbing GB dislocations. 
With continuing deformation, the density of climbing GB dislocations increases continuously 
and form two walls of dislocations climbing along the triple junction. The dislocation walls 
cause crystal lattice rotation in the grain interior. 
There are also other deformation mechanisms in NC materials; for example, twins are 
found in many NC materials, especially in hcp and bcc metals [68, 69]. Twinning is defined as 
the collective shearing of one portion of the crystal with respect to the rest [70]. However, it is 
difficult to be observed in fcc metals owing to their large number (24) of slip systems [71]. For 
these metals, twinning only occurs under very extreme conditions, such as during deformation at 
low temperatures or at high strain rates [71]. Recently, molecular dynamics (MD) simulations 
have suggested that deformation twins occur when the grain size is sufficiently small. 
Deformation twins in aluminum were firstly experimentally confirmed by Chen et al. [61]. Then 
deformation induced microtwins were also observed in aluminum single crystals [71]. The 
required stress for nucleating a microtwin in aluminum can be expressed by [71]:  
          
 
 
 
   
 
 
 
  
)                              ,                      (1.21) 
where   is the shear modulus (～ 35 GPa for aluminum),   is the stacking fault energy (SFE) 
which is 104-142 mJ/m2 for aluminum,    is the magnitude of the Burgers vector of the 
Shockley partial,   is the grain size, and   is the shear factor whose value varies from 0 to 1, 
depending on the relation between shear plane or shear direction and twinning plane or twinning 
direction. 
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1.3 Powder metallurgy 
1.3.1 Overview  
Powder metallurgy (P/M) is a near-net or net-shape manufacturing process that combines 
the features of shape-making technology for powder compaction with the development of final 
material and design properties (physical and mechanical) during subsequent densification or 
consolidation processes (e.g., sintering) [72]. The main steps in P/M are powder production, 
powder blending or mixing, compaction and shaping, and sintering [73]. The general flow sheet 
of P/M processing is shown in Figure 1.10. 
 
 
Figure 1.10 General steps in the P/M process [72]. 
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P/M processing has many advantages which make it competitive with other fabrication 
methods, like casting, especially when requirements for strength, wear resistance or high 
operating temperatures exceed the capabilities of the die casting alloys. There are many 
advantages of P/M over other processing methods; some of them are listed below [73-75]: 
 Production of near net shape components and complex shapes. This is the key advantage of 
the P/M process.  
 High production rate along with low unit cost.  
 Flexibility in the control of the physical and mechanical properties of the components by 
controlling of starting materials and the process parameters.  
 It can be used to produce bi-metallic products, porous bearings and sintered carbide.  
 
P/M has been widely used in a variety of applications, including automobiles, household 
applications, yard and garden equipment, computers, fabric industry equipment, and orthodontic 
devices [76]. The biggest consumer of P/M parts is at present the automotive industry, with a 
market that grows quickly. For example, the average U.S. car has more than 17 kg of P/M parts, 
whereas some SUVs and light trucks have 27 kg [74, 77]. P/M parts can be used for their unique 
properties or when the other processing routes, like casting, cannot provide the desired material. 
However, in most cases they have been used because of the low costs, which is a very important 
aspect for any industrial application. The P/M parts can be broadly divided into three categories 
by cost: lower-cost products, which generally have lower mechanical properties than wrought 
products; an intermediate category of cost-effective/high-performance parts; parts with enhanced 
mechanical properties, which normally show the highest costs. The low-cost P/M product is the 
more traditional commercial approach, the intermediate category has been used increasingly 
more, and pursuing the high-performance parts represents the developing direction of P/M 
technology [76].  
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1.3.2 Powder production 
Any material can be made into powder form by one or more methods. The choice of the 
method depends on the raw material available and on the type of end application [74]. The 
significant manufacturing methods can be classed into three main categories:  
 Chemical methods. 
 Physical methods. 
 Mechanical methods. 
Among them, atomization has been used often to produce metal and pre-alloyed powders, 
especially for aluminum alloys [78]. Atomization involves the breakup of the liquid into fine 
droplets. It generally consists of three stages [73, 78]: melting, atomization (disintegration of the 
melt into droplets), solidification and cooling. Atomization can be classified into many types, 
like gas atomization, liquid atomization, centrifugal atomization and vacuum atomization. The 
main classification criterion is the way in which the energy for disintegration is introduced into 
the melt [78]. The size of the atomized powders is normally smaller than 150 µm and generally 
follows log normal distributions before any screening is done. Atomized powders have many 
advantages compared with other types of powders. They are generally free of porosity, relatively 
compact with high packing densities, and they show high purity and low surface areas [74]. This 
gives rise to good flow characteristics and good compressibility with respect to other types. The 
composition of the atomized powders is completely flexible. Any composition can in principle 
be produced by atomization. The cooling rates achievable during atomization can be very high, 
ranging from 102 to 107 K/s, which are much larger than the cooling rate obtained by 
conventional casting. These high cooling rates permit the production of a variety of metastable 
materials, such as supersaturated solid solutions, ultrafine/nano-grained materials and metallic 
glasses [74].  
 
1.3.3 Powder compaction and sintering 
In general, powder compaction is employed to consolidate the powder into desired shape, 
while sintering is used to get a desired densification. The powder compaction methods range 
from pressure die compaction to pressure-less shaping methods, such as slip casting and 
electrophoretic forming [73]. Pressure assisted die compaction, where shaping and densification 
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occur simultaneously, is the most used method. Among the pressure assisted die compaction 
techniques, the most popular method is uniaxial compaction in a rigid die [74]. In this 
compaction, pressure is applied vertically to the powder through the punches. Pressure die 
compaction can be divided into two types: cold pressing and hot pressing. Cold pressing is the 
most commonly used, which can obtain high densities (exceed 85-90 %) of green compacts, 
resulting in desired strength and smaller dimensional changes during the following sintering step. 
Hot pressing, which combines pressing and sintering in one single step, is used in certain cases, 
especially for the compaction of hard and brittle materials. Because metals become softer at 
elevated temperature, the required applied pressure to obtain high density in hot pressing is much 
lower than for cold pressing [74].  
The definition of sintering by ISO (International Organization for Standardization) is: 
“The thermal treatment of a powder or compact at a temperature below the melting point of the 
main constituent, for the purpose of increasing its strength by bonding together of the particles” 
[79]. It is categorized in the synthesis/processing element among the four basic elements 
(processing/synthesis, structure/composition, property and performance) of materials science and 
engineering. Basically, sintering processes are classified into two categories: solid state sintering 
and liquid phase sintering. Solid state sintering occurs when the phases are all in the solid state 
during sintering, while liquid phase sintering occurs when a liquid phase is present at the 
sintering temperature. The following part describes exclusively solid state sintering.  
 
Driving force for sintering: the driving force of any solid state sintering process is the reduction 
in free energy of the system, which results from the following sources [73]: 
 Diminution of the specific surface area because of the growth of particle contact areas. 
 Decrease in pore volume.  
 Elimination of non-equilibrium lattice defect concentrations.  
 Elimination of non-equilibrium states due to mutual solid solubility (homogenization of 
concentration gradients) or chemical reactivity.  
The reduction of the total energy can be expressed as: 
                                 ,                                  (1.22) 
where   is the specific surface (interface) energy,   is the total surface (interface) area of the 
system,    is the change in interfacial energy which related to the replacement of solid/vapor 
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interfaces (surface) by solid/solid interfaces and    is the change in surface (interface) area. The 
total surface energy of the powder is very small, about 500-0.5J/mole for the powders in the 
range between 0.1 and 100 µm [80].  
 
Stages of sintering: sintering is a complex process and can be grouped in three stages, which is 
illustrated schematically in Figure 1.11 [73, 80]: 
 First stage. The particles are in contact with each other and the necks between particles 
start to form. The compact shrinkage is limited to 2-3 % at most. The densification is up 
to ~93 % of the relative density, which occurs before isolation of the pores. 
 Intermediate stage. At this stage neck growth occurs and most of the shrinkage takes 
place. A coherent network of pores is formed and grain growth occurs, where the pores 
are connected with the surface. 
 Final stage. It involves densification from the isolated coherent network of pores to the 
final densification. The isolated pores are compressed and their volume fraction decreases 
until the gas pressure in the isolated pores reaches the equilibrium. Sintering in vacuum 
effectively improves the densification ability. 
 
 
Figure 1.11 Schematic showing the densification curve of a powder compact and the three sintering stages 
[80]. 
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Transport mechanism: the mechanisms involved in sintering are very complex. In general, the 
two-particle model has been used to explain the process by assuming that the particles are 
spherical and with the same size, as shown in Figure 1.12. The differences in bulk pressure, 
vacancy concentration and vapor pressure are the driving forces for sintering and material 
transport.  
Evaporation-Condensation [81]: in this mechanism, the evaporated atoms are transported across 
the pore space, and are repositioned on a different surface. Vapor pressure is the major 
influencing factor on the vapor transfer. Because the vapor pressure is slightly lower than 
equilibrium, vapor transport normally occurs from the flat and convex surfaces to the concave 
necks between particles. This mechanism is effective for neck growth, pore isolation and pore 
spheroidization during sintering.  
 
 
Figure 1.12 Material transport paths during sintering (Dl, volume diffusion; Dg or   , evaporation-
condensation; Db, GB diffusion; Ds, surface diffusion; η, viscosity) [73, 80]. 
 
Surface Diffusion [73, 81]: it contributes to the initial stages of sintering for almost all materials 
and its contribution declines with the progress of sintering. This mechanism involves three steps: 
atoms break away from the existing bonds; atoms move with a random motion across the 
surface; atoms reattach at a surface site. Temperature has a significant influence on the surface 
diffusion because the generation and motion of the diffusion atoms are both thermally activated. 
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Usually, it occurs at low temperatures due to the activation energy of surface diffusion, which is 
less than other mass transfer mechanisms. Densification has a negative effect on surface 
diffusion, which slows down when high densification is reached. Surface diffusion, which may 
help to induce pore mobility and interacts with other mass flow process, has no effect on pore 
shrinkage but can promote neck growth.  
 
Volume (Lattice) Diffusion [73, 80, 81]: this mechanism, which involves the motion of vacancies 
through the crystalline structure, is the prevailing sintering mechanism in many practical cases. 
The main factors affecting the volume diffusion rate are temperature, composition and curvature 
(pressure). Temperature greatly influences the equilibrium concentration and the motion rate of 
vacancies. Beside temperature, the concave surface in the neck area induces higher vacancy 
concentrations than the equilibrium vacancy concentration, and the convex surface of sintering 
particle induces lower vacancy concentrations. As a result, the vacancies tend to transfer from 
concave to convex surfaces. The type and geometrical arrangement of the vacancy sources and 
sinks control the diffusional flow during sintering. Some of them are:   
Vacancy sources                vacancy sinks. 
Concave surface            plane/convex surfaces. 
Small pores                       large pores. 
Dislocations                        grain boundaries/dislocations. 
Usually, volume diffusion occurs at high temperatures during sintering because of its 
high activation energy. This mechanism helps the densification by eliminating the small pores 
and through pore shrinkage. 
The main material transport mechanisms during sintering are summarized in Table 1.1. 
GB diffusion is also important to most metals and compounds. The value of activation energy, 
which is intermediate between surface diffusion and volume diffusion, is low because of the 
defects located in the grain boundaries. Another material transport mechanism, viscous flow, 
may be the most important sintering mechanism for amorphous materials. The viscosity of 
amorphous materials decreases dramatically as the temperature increases above the glass 
transition; this behavior can be used to get highly dense materials. As a result from the viscous 
flow, the material will deform more easily under an applied stress [81]. 
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Table 1.1 Material transport mechanisms during sintering [80]. 
Material transport mechanism Material source Material sink Related parameter 
1. Lattice diffusion GB Neck Lattice diffusivity, Dl 
2. GB diffusion GB Neck GB diffusivity, Db 
3. Viscosity flow Bulk grain Neck Viscosity, η 
4. surface diffusion  Grain surface Neck surface diffusivity, Ds 
5. Lattice diffusion Grain surface Neck Lattice diffusivity, Dl 
6. Gas phase transport    
6.1 Evaporation/                   
condensation 
Grain surface Neck Vapor pressure difference, 
   
       6.2 Gas diffusion Grain surface Neck Gas diffusivity, Dg 
 
It is important to point out that atom diffusion plays a crucial role for all of the transport 
mechanisms. Atomic movement may be the result of two factors: difference (gradient) in 
vacancy concentration and difference (gradient) in stress. In terms of vacancy movement, the 
vacancy flux        is expressed as [80]: 
              
       
 
  
    
 
 
                      ,                   (1.23) 
where    is the vacancy diffusion coefficient,    is the vacancy concentration per unit volume, 
    is the equilibrium vacancy concentration in the material with a flat surface, and   is the 
diffusion distance. 
The atom flux       can be expressed [80]: 
                                                    ,                   (1.24) 
where    is the atom concentration per unit volume,    is the atom mobility and assumed as 
invariable with the location of the atom,    is the chemical potential of the atom, and    is the 
chemical potential of the vacancy. It has been pointed out that sintering by diffusion is a material 
transport in a chemical potential gradient rather than that in a vacancy concentration gradient 
[80]. The Eq. (1.24) was simplified by Berrin and Johnson [82], who suggested that the vacancy 
concentration in any region is in local equilibrium, so that the chemical potential of a vacancy in 
different locations has no difference. In doing so, the equation can then be expressed as [80]: 
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                              ,                   (1.25) 
where    is the atom diffusion coefficient,   is the Boltzmann constant,   is the temperature and 
  is the pressure. Eq. (1.23) and Eq. (1.25) can be used to describe the kinetics of sintering that 
occurs by diffusion. 
 
Factors influence sintering: the final microstructure and properties of sintered parts are 
determined by many factors. Most of them can be classified into two categories: material 
variables and process variables. 
 
Material variables [74, 81]: 
1) Particle size: the specific surface increases with decreasing particle size. This enhances all 
mass transfer mechanisms. Such an increased surface results in enhanced vapor transport and 
surface diffusion, larger interface leads to more volume diffusion, and small particles which 
have more grain boundaries promote GB diffusion.  
2) Particle shape: the rough surface enhances the internal surface area and contact area leading 
to higher volume diffusion and GB diffusion.  
3) Particle composition and impurity: the sintering kinetics of metals can be affected by the 
alloying elements and impurities. Surface contamination usually is undesirable for sintering. 
For example, oxidation, which is inevitable for metal powder during producing a nd storage, 
is deleterious for sintering.  
 
Process variables 
The main process variables include temperature, time and pressure. The sintering rate 
(densification rate) increases with increasing temperature and pressure. The sintering 
atmosphere also has an important influence on densification. Sintering under inert gas 
atmosphere, such as Argon, can prevent detrimental reactions which can occur under air. 
However, the inert gas can be captured in the closed pores, and cannot be removed due to the 
increasing densification. In this case, the decreasing pore size stops when the pressure of the 
captured gas is balanced by the pore curvature pressure. As a result, sintering in vacuum is 
beneficial for densification [74].  
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1.3.4 Hot pressing 
The sintering theory can be used as a guideline to study hot pressing; however, one major 
difference is that the sintering process is under pressure during hot pressing, where the powder 
compaction and sintering occurs at the same time. The method of hot pressing is shown 
schematically in Figure 1.13. The procedure of hot pressing involves the following steps [74] 
  the powder or the green compact is placed into the die mold 
  the chamber is evacuated 
  the mold is heated to a predetermined temperature 
  the pressure is applied on the powder/green compact 
  pressure and temperature are maintained for a dwell time 
  the mold is cooled slowly to room temperature 
 
 
Figure 1.13 Cross-sectional view of a uniaxial hot press [81]. 
 
High densification is the most important goal during hot pressing. The relationship for the 
densification in the sintering and hot pressing of ceramic oxides has often been found as [83]: 
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                                               ,                   (1.26) 
where the density,  , is directly proportional to the logarithm of time,  , and   and    are 
constants.    is the value of the density when    . Densification by hot pressing is relatively 
less sensitive to powder microstructure, chemical properties, shape and size distribution, which 
in contrast are critical in cold pressing and sintering [74]. In fact, the distribution of density in 
the compact billets by hot pressing is not uniform because the stress state is not uniform during 
most deformation processes (see Figure 1.14). The friction at the surface between the die and 
powder or billet causes a radial compressive stress which, combined with the axial compressive 
stress from the punch, leads to a nearly pure hydrostatic stress state near the surface. This results 
in a cone of relatively undeformed material, commonly known as a dead-metal zone, at each die 
contact surface. The stress distribution in the cylinder billet can be divided into three regions 
[84]: 
 Region I is under near-hydrostatic pressure. 
 Region II undergoes high shear. 
 Region III undergoes small axial compression and circumferential tension.  
 
 
Figure 1.14 Schematic illustration of the characteristic modes of deformation as seen on a longitudinal 
section through a cylinder upset between flat dies with no lubrication [84].  
 
This non uniform stress distribution of the sample significantly influences the 
densification [81]. In Region I there is little deformation and the voids remain relatively 
undeformed and spherical due to the nearly pure hydrostatic stress state. In the shear zones, voids 
are considerably flattened and the increase in density is great. In Region III, the voids are 
enlarged due to the tensile stresses. The decrease of the die wall friction is beneficial for 
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enhancing densification. In view of this, it is important to use lubricants during pressing. 
Usually, 3-5 % porosity remains in the billet after hot pressing [81]. The porosity somewhat 
limits the application of hot pressing because the properties are sensitive to the defects. For this 
reason additional processing can be necessary to improve the density after hot pressing, such as 
forging, extrusion, swaging and rolling [74].  
It has been found that the rate of densification is much higher for hot pressing than those 
obtained during sintering due to application of the external pressure. As discussed above, the 
diffusion mechanism plays a dominant role for the densification during sintering; on the other 
hand, plastic flow has been considered as the predominant densification mechanism during hot 
pressing [85]. In analogy with sintering, the densification during hot pressing can be divided 
into three stages: initial, intermediate and final stages. At the initial stage, particle rearrangement 
occurs by particle movement, particle fracture, and grain shape changes by plastic flow and 
diffusion [86]. The particle rearrangement gives rise to relative densities of   90 % [87]. At the 
intermediate stage, the particles are in contact with each other, and the pores become isolated. 
The plastic flow occurs in this stage because the contact area is small, and the contact stress may 
be considerably larger than the yield strength of the material. With increasing contact area, the 
contact stress decreases to a point where it is not high enough to sustain the process of self-
indentation, and finally an “end-point density” may be reached [88]. At the final stage, the 
densification mechanism is most likely the stress-enhanced diffusional process [87, 88]. In this 
mechanism, the material flow involves the transfer of atoms from areas under compression to 
areas under tension. Meanwhile, vacancies move from tensile to compressive areas. A vacancy 
concentration gradient is formed between the tensile and compressive areas due to the influence 
of the applied stress on the formation energy of the vacancies. Thus, the driving force for 
material flow is due to this concentration gradient [88]. 
Among the three stages, plastic flow is the most important mechanism and has been 
studied extensively. The most used model for describing the plastic flow mechanism was 
proposed by Mackenzie and Shuttleworth in 1949. In their model, the porosity of the compact 
was assumed to be small, where isolated, spherical pores are closed by means of surface tension 
forces. It can be expressed as [85, 89]: 
  
  
 
  
  
                                        ,                   (1.27) 
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where   is the relative density,   is time,   is applied pressure,   is viscosity. McClelland 
proposed another plastic flow model for hot pressing based on the assumption that the principal 
driving force for the closure of the pores is the applied hydrostatic pressure rather than the 
surface tension of the pores [90]: 
  
  
    
 
   
 
 
                                  ,                   (1.28) 
where   
  
  
,   
   
 
,      ,   is fraction theoretical density,   is yield point,   is 
viscosity,   is time at pressure,   is applied pressure. 
As discussed above, there is an “end-point density”,   , which is also can be obtained by 
Eq. (1.28), by setting the 
  
  
  ,    is given by the expression [90]: 
         
 
    
 
    
 
 
 
                                             (1.29) 
 
1.4 Previous work on high-strength aluminum alloys 
The growing demand for fuel-efficient vehicles to reduce energy consumption and air 
pollution has made the substitution of conventional materials, such as steel, cast iron and Cu, 
with lightweight metals a top priority in a variety of applications, including aerospace, 
automotive and construction industries [91]. The high specific strength of aluminum alloys 
combined with their good corrosion resistance, and their reasonable cost have made these 
lightweight materials the most promising candidates to replace heavier alloys [92-94]. For 
conventional aluminum alloys, age-hardening effects are widely used to improve their strength. 
Owing to the precipitation-strengthened microstructures after thermo-mechanical treatments, the 
age-hardened aluminum alloys have relatively high yield strength; for example, the high-strength 
2014 and 7075 alloys have tensile yield strength of 441 and 523 MPa, respectively [95]. 
However, a survey of property-performance space for a wide range of aluminum alloys indicates 
that the upper yield strength limit for precipitation-strengthened wrought aluminum alloys is 
around 700 MPa [96], which is still too low to satisfy the most recent application requirements.  
In the last decades, it has been found that the strength of Al-based alloys can be 
significantly improved by producing them in the amorphous state, i.e. Al-based metallic glasses 
[18]. The mechanical properties of this type of materials are shown in Tables 1.2 and 1.3.  
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Table 1.2 Mechanical properties of Al-based metallic glasses (ribbons) in tension.  
 
Composition 
(at.%) 
Structure Yield strength 
(MPa) 
Fracture strain 
(%) 
Reference 
Al85Ni5Y10  Amorphous 920 1.4 [97] 
Al87Y8Ni5 Amorphous 1140 - [98] 
AlYNi Amorphous 1150 - [99] 
Al85Ni5Y8Co2 Amorphous 1250 1.7 [97] 
Al88Ni9Ce2Fe1 Amorphous 
+fcc-Al 
1560 - [100] 
 
Table 1.3 Mechanical properties of Al-based metallic glasses (cast rods) in compression.  
  
Composition 
(at.%) 
Structure Yield strength 
(MPa) 
Fracture strain  
(%) 
Reference 
Al86Ni7Y4.5Co1La1.5 amorphous 1050 - [101] 
Al84.5Ni5.5Y10 partially 
amorphous 
1090 2.2 [102] 
A85.5Ni9.5La5 partially 
amorphous 
950 3 [134] 
     
 
Al-based metallic glass ribbons have tensile strength reaching the GPa level; for example, 
it was reported that the tensile strength of Al85Ni5Y8Co2 can reach 1250 MPa [97-99]. For these 
ribbons, the strength can be further improved by precipitating NC particles into the amorphous 
matrix. In this case, the tensile strength can reach 1560 MPa, which is the highest strength 
among the Al-based alloys reported until now [100]. Recently, Al-based bulk metallic glasses 
(BMGs) with 1 mm in diameter and 30 mm in length have been produced by injection casting 
[101]. The compression strength of these Al-based BMGs also can reach the GPa level: for 
example, a yield strength of 1090 MPa was reported for the Al84.5Ni5.5Y10 BMG [101-103]. 
However, Al-based BMGs are brittle and have no strain hardening during deformation.  
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Table 1.4 Mechanical properties of bulk NC and UFG aluminum in compression (MA: mechanical 
alloying, HP: hot pressing, SPS: spark plasma sintering, HE: hot extrusion, CIP: cold isostatic pressing).  
Composition 
(at.%) 
Processing Yield 
strength 
(MPa) 
Ultimate 
strength 
(MPa) 
Fracture 
strain 
(%) 
Theoretical 
density 
(g/cm
3
)) 
Reference 
Al85Cu9Si6 casting 800 1047 19.7 3.09 [111] 
Al90Ni4Y6 casting 810 1150 ˃ 150 3.07 [117] 
Al81Cu13Si6 casting 890 1149 11.4 3.28 [111] 
Al87La1.5Ni7Co1Y3.5 casting - 1100 10.6  [119] 
Al83Cu17 casting 1000 1200 2 3.50 [111] 
Al85Ni4Ag6Y5 casting 1020 1240 26 3.50 [120] 
Al87La1.5Ni7Co1Y3.5 casting 1290 1290 0 3.26 [119] 
Al85.2Zn10.0Mg3.0Cu1.8 SPS - 632 45  [121] 
Al93Fe3Cr2Ti2 HE 562 665 ˃ 45 2.92 [116, 122] 
Al–7.5 (wt.%) Mg HE 628 640 17 2.60 [123] 
Al96Cu4 MA/HP 750 - 2 2.89 [106] 
Al85.2Zn10.0Mg3.0Cu1.8 SPS/aging - 900 20  [121] 
Al85Y8Ni5Co2 SPS 800 1050 3.7 3.162 [114] 
Al95Fe5 SPS 992 1045 30 2.9 [124] 
Al95Fe5 MA/SPS ˃1000 ˃1200 20 2.9 [125] 
5083 Al+10 wt.% B4C cryomilling 
/CIP/HE 
1065 - 0.8 2.65 [126] 
Al85Ni10La5 SPS 1140 1240 0.43 3.49 [127] 
5083 Al+B4C cryomilling 
/CIP/HE 
1145  1145  3 2.65 [108] 
Al85Ni10La5 SPS/aging 1320 1341 0.21 3.49 [127] 
Al85Ni5Y8Co2 HP - 1420 1 3.162 [104] 
Al65Cu20Ti15 HP - 1490 0 3.77 [128] 
 
Beside metallic glasses, bulk NC and ultrafine-grained (UFG) aluminum alloys have also 
been of significant interest because of their high strength and hardness [18]. Their mechanical 
properties are summarized in Tables 1.4 and 1.5. The yield strength of these materials is 
generally above 1 GPa and some of them also display good ductility at room temperature. High 
compression strength of 1.420 MPa and tensile yield strength of 1 GPa have been reported for 
bulk NC aluminum alloys produced by crystallization of amorphous powders and by high 
pressure torsion (HPT) [96, 104].  
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Table 1.5 Mechanical properties of bulk NC and ultrafine grain aluminum in tension (ECAE: equal 
channel angular extrusion, HIP: hot isostatic pressing, HPT: high pressure torsion).  
 
Composition 
(at.%) 
Processing Yield 
strength 
(MPa) 
Ultimate 
strength 
(MPa) 
Fracture 
strain  
(%) 
Theoretical 
density 
(g/cm
3
)) 
Reference 
Pure Al ECAE 170 177 3 2.71 [129] 
Pure Al cryomilling 
/CIP/HE 
345 363 28 2.71 [130] 
Al93Fe3Cr2Ti2 HE 440 - 0 2.92 [122] 
Al91.1Y4.0Ni4.0Co0.9 HE/hot 
rolling 
551 586 7.1 3.04 [115] 
5083 Al MA/HIP/HE 334 462 8.4 2.66 [131] 
5083 Al cryomilling 
/CIP/HE 
713 can 0.3 2.66 [107] 
Al–7.5 (wt.%) Mg HIP 554 734 5.4 2.60 [110] 
Al–7.5 (wt.%) Mg HIP 641 847 1.4 2.60 [110] 
Al95Mg5 consolidation 620 742 8.5 2.64 [105] 
Al88.5Y3.5Ni8 HE - 930 - - [132] 
Al85Y7.5Ni7.5 HE - 880 - - [132] 
Al88.5Mm3.5Ni8 HE 845 940 - 3.18 [133] 
7075 HPT 1000 - 9 2.81 [96] 
 
 
 
Figure 1.15 Yield strength versus density of different types of alloys. The data for Mg, Al, Ti alloys and 
steel are obtained from the Ashby map [118], the data for Al BMGs and Al-based NC and UFG alloys are 
obtained from Tables 1.3 and 1.4. 
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The microstructure of NC and UFG aluminum alloys can be classified into the three 
types: monomorphic or simple, bimodal and complex structure [42,106-112,115-118]. As 
discussed previously, the significant improvement of strength in NC aluminum alloys can be 
explained by the increased volume fraction of grain boundaries in these alloys, which effectively 
block the dislocation movement, as described by the Hall-Petch relationship. Monomorphic 
structures have simple phases and their grain size is smaller than the micrometer. They show 
high strength: for example, NC Al–Mg (5 at.%) has compressive yield strength of 620 MPa 
[105], NC Al–Cu (4 wt.%) has compressive yield strength of 750 MPa [106], and 5083 Al has 
tensile yield strength of 713 MPa [107]. All these alloys are produced by P/M methods. 
However, due to the lack of strain hardening, they have very limited ductility. In order to get NC 
and UFG aluminum alloys with high strength and good ductility, bimodal structures, consisting 
of nano- and micron-sized grains, have been developed recently [108-111]. For example, the 
Al85Cu9Si6 alloy, which has micron-sized dendrites distributed in an UFG matrix, has yield 
strength of 800 MPa combined with 25 % strain in compression [111]. The strain increases with 
increasing the volume fraction of the coarse grains [112]. It has been pointed out that the high 
strength comes from the UFG matrix and the improved plasticity is due to the plastic 
deformation within the coarse grains [111, 113]. The NC and UFG aluminum alloys which have 
complex structures display even higher strength [104, 114-117]. Most of them consist of a nano-
sized fcc-Al matrix and distributed hard intermetallic particles. The high strength is mostly due 
to the high strength nanoscale matrix combined with the very hard intermetallic compounds [18, 
96]. Figure 1.15 shows the yield strength vs. density for Al-based bulk metallic glasses (Al 
BMGs), Al-based NC and UFG alloys and conventional metals and alloys. It can be seen that Al 
BMGs and Al-based NC and UFG alloys have low density and high yield strength and, therefore, 
a high specific strength.  
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Chapter 2: Synthesis and characterization 
2.1 Sample preparation 
2.1.1 Gas atomization 
Al84Gd6Ni7Co3 gas-atomized powder was prepared by high pressure Ar gas atomization 
at the Materials Processing Center, Ames Laboratory, Ames (USA) [1]. The used raw materials 
were small lumps with appropriate weight of each chemical constituent with purity ranging from 
99.9 to 99.999 %. Prior to alloying, the lumps were cleaned mechanically to remove any possible 
surface oxide layer. To obtain the desired alloy composition, the small lumps were mixed and 
then heated in a graphite crucible. A water-chilled Cu mold was used to cast the melt. High 
pressure argon gas atomization was done using a close coupled annular nozzle having a melt 
delivery inner diameter of 3.2 mm. The powders were screened using sieves to a size below 
100μm after atomization. 
2.1.2 Ball milling 
In order to change and control the microstructure of the gas-atomized Al84Gd6Ni7Co3 
powder, milling experiments were performed using a Retsch PM400 planetary ball mill equipped 
with hardened steel balls and vials (Figure 2.1). In this type of mill, four vials are loaded 
eccentrically on the supporting disc (sun wheel). The turning directions of the supporting disc 
and the vials, which rotate around their own axes, are opposite. The rotation of the supporting 
disc and the simultaneous turning of the vials act on the milling charge (balls and powders) 
imparting centrifugal forces that can reach up to twenty times the gravitational acceleration. The 
milling intensity can be estimated using the rotational velocity of the supporting disc, which 
gives the possibility to control from the velocity between 60 and 400 revolutions per minute 
(rpm). In the present work, milling was carried out at room temperature for different milling 
times up to 100 h at ball-to-powder ratio of 10:1 and rotational velocity of 150 rpm. To avoid 
strong temperature rise during milling, a sequence of 15 min milling and 15 min break was 
adopted. Typically, 30 g of starting material was charged in the milling vials equipped with a 
flexible “O”-ring, together with 10 mm diameter steel balls. To avoid any possible contamination 
during the course of milling, powder charging and any subsequent sample handling was 
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performed in a Braun MB 150B-G glove box under purified argon atmosphere (less than 1 ppm 
of O2 and H2O). 
 
 
 
Figure 2.1 Retsch PM400 planetary ball mill equipped with four milling vials.  
 
2.1.3 Hot pressing  
The bulk Al84Gd6Ni7Co3 samples from the gas-atomized and milled powders were 
obtained by uniaxial hot pressing. Hot pressing was performed using an electro-hydraulic 
universal axial pressing machine (WEBER PWV 30 EDS, Germany) with a capacity of 350 kN 
maximum load. In order to minimize the frictional effects during hot pressing, all the parts (i.e. 
compaction die and punches) were cleaned and sprayed with a thin layer of boron nitride. 
Approximately 2 to 3.5 g of powder was first placed in a die of 10 mm diameter and then 
preloaded to 20 kN. The temperature was measured by a thermocouple of Pr/Rh Pt which was 
fixed in a dedicated cavity within the die aiding the measure of the operating temperature 
continuously throughout the hot pressing cycle. The chamber was evacuated to about 1×10-4 Pa 
before starting hot pressing for degassing and to minimize possible oxygen contamination during 
hot pressing. The desired pressure (637 MPa) was applied and subsequently the whole setup was 
heated to the desired temperatures (573, 673, 723, 773 and 823 K) with an inductive coil. Once 
the desired hot pressing temperature is reached, hot pressing is preformed isothermally for 3 
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minutes dwell time. To remove the samples after hot pressing, argon was purged to remove the 
sample from the chamber. Examples of Al84Gd6Ni7Co3 hot pressed samples are shown in Figure 
2.2. 
 
 
 
Figure 2.2 Hot pressed Al84Gd6Ni7Co3 samples with a diameter of 10 mm and height 12 - 15 mm. 
 
2.2 Sample characterization 
The powders and the consolidated samples were investigated using several analytical 
methods. The chemical analysis was carried out to evaluate the contamination that could occur 
during ball milling and hot consolidation. The thermal stability and the crystallization behavior 
were investigated by differential scanning calorimetry (DSC) and the phases and the 
microstructure were characterized by X-ray diffraction (XRD), Optical microscopy (OM), 
scanning electron microscopy (SEM) and transmission electron microscopy (TEM).  
2.2.1 Chemical analysis 
The powder may get contaminated by oxygen and iron during ball milling [3]. In general 
atmospheric contamination (oxygen) cannot be completely avoided, but it can be drastically 
reduced (less than 300 ppm) by charging and discharging the vials inside the glove box filled 
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with inert gas and sealing the vial with a flexible O”-ring. The iron contamination is caused by 
the debris from the milling tools (vials and balls), which are made of steel. The oxygen analysis 
was performed by carrier gas-hot extraction, using a LECO USA TC-436 DR analyzer. In this 
method, the samples are melted and heated to temperatures of ~2773 K in resistive furnace using 
graphite crucibles. The oxygen atoms react with the neighborhood, diffuse carbon atoms along 
the crucible wall forming carbon-monoxide. The carbon-monoxide is extracted and carried away 
from the reaction area by a continuous flow of helium gas. Infrared radiation absorption was 
used to analyze the gas mixture to detect and quantify the amount of carbon-monoxide gas 
evolved. The absolute error of this method is about ± 0.01 at.%. The iron content was evaluated 
using a CARL ZEISS Specord M500 Spectrophotometer. 
2.2.2 Calorimetry 
Thermal stability and crystallization behavior of the samples were analyzed by 
differential scanning calorimeter (DSC) using a computer-controlled Perkin-Elmer DSC7. The 
samples were investigated in isochronal (constant-rate heating) mode under a continuous flow of 
purified argon. Alumina crucibles were used as sample holders and 10 – 20 mg of samples were 
charged for each measurement. Two successive DSC isochronal runs, followed by cooling down 
to room temperature at 100 K/min, were recorded at the selected heating rate for each individual 
sample. The second run of the specimen served as a baseline, which was subtracted from the first 
run realized the correction for the apparatus specific baseline shift.  
For evaluating the activation energy of the first crystallization reaction, the isochronal 
DSC studies were carried out at different heating rates (5, 10, 20, 40 and 60 K/min). The 
activation energy was calculated using Kissinger’s method [32].  
   
 
  
     
 
   
                                                      (3-1) 
where Q is the heating rate of the DSC scan, Tp is the crystallization peak temperature, E is the 
activation energy, R the gas constant and A is constant. By plotting        
   versus (1/   , a 
straight line is obtained with a slope E   , which gives the activation energy for the 
crystallization event. 
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2.2.3 X-ray diffraction/ in-situ experiments 
Structural analysis was carried out using X-ray diffraction (XRD) in reflection mode 
using a D3290 PANalytical X’pert PRO diffractometer with Co-Kα radiation (λ = 0.17889 nm) 
in Bragg-Brentano configuration. The diffractometer is equipped with a secondary graphite 
monochromator and a sample spinner and is operated at voltage and current of 40 kV and 40 
mA, respectively. The diffraction was carried out with a step size of ∆(2θ) = 0.05° and a typical 
counting time ranging between 15 and 60 s per step depending on the sample, where higher 
counting times were used for samples with small grain sizes. The phase evolution during heating 
of the Al84Gd6Ni7Co3 gas-atomized and milled powders were analyzed in-situ by XRD in 
transmission mode using a high-intensity high-energy monochromatic synchrotron beam (λ = 
0.01249 nm) at the ID11 beamline of the European Synchrotron Radiation Facilities (ESRF) in 
Grenoble, France. The samples were induction-heated to about 873 K and the X-ray patterns 
were recorded in-situ every 20 s. The diffraction data were collected at a constant heating rate of 
20 K/min to compare the structural evolution with the thermal stability investigated by DSC.  
 
2.2.4 Optical microscopy (OM) 
A Nikon Epiphot 300 microscope was used to obtain OM micrographs of the samples. 
The microscope has a capacity of magnifying the samples between 5 and 100 times. The 
microscope is equipped with an in-built camera and connected with a computer program (a4i 
Docu from Olympus Deutschland GmbH, Germany) able to capture the images. 
2.2.5 Scanning electron microscopy (SEM) 
SEM characterization of the powder and the consolidated samples was carried out using a 
high-resolution Gemini 1530 (Zeiss) SEM with FEG-Source (Schottky type) in both secondary 
and back scattered mode. Additionally, the SEM was equipped with an energy dispersive x-ray 
spectrometer (EDS) setup. The elemental analysis was done by the EDS setup with a Si (Li) 
detector and QUANTAX evaluation software (Bruker AXS) with the working distance ranging 
between 10 and 13 mm.  
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2.2.6 Transmission electron microscopy (TEM) 
High-resolution TEM studies were carried out using a Philips Teknai F30 microscope 
operating at 300 kV. Focused ion beam (FIB) milling was used in order to prepare the TEM 
specimens from the samples. This was done using a FIB 1540XB device manufactured by Zeiss. 
Dimple grinding was also used for some of the bulk samples. For that, the samples were grinded 
to around 100 μm and then dimple grinded using a GATAN dimple grinding machine. As the 
final step, ion milling using a GATAN-PIPS ion milling machine was used to remove all 
mechanical effects introduced by sample preparation methods.  
 
2.3 Physical and mechanical properties 
2.3.1 Density 
The density measurements of the consolidated samples were performed with a Mettler 
Toledo weighing instrument. The sample was first weighed in air and then weighed in the liquid 
medium. The humidity and air temperature is also considered in measuring the density. The 
density of the sample (s) was then calculated by the Archimedes principle as 
    
               
         
               ,                    (2.2) 
where      is the density of the liquid,      is the density of air, mair is the sample weight in air 
and mliq is the weight of the sample immersed in the liquid.  
2.3.2 Hardness 
 Microhardness 
The microhardness measurements were carried out using a computer-controlled HMV 
Shimadzu Vickers hardness testing machine is equipped with a diamond indenter in the form of a 
pyramid with square base with an angle of 136° between the opposite faces. The length of the 
imprints along the diagonal was used to calculate the hardness of the samples using a digital 
video measuring system. For the microhardness indentation measurements, the samples were 
embedded in an epoxy resin and the surface to be measured were carefully grinded (until 4000 
grit paper) and polished with diamond paste (particle size < 0.25 µm). The hardness values 
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reported here are averages of more than 25 indentations in each sample. The as-atomized and 
milled powders were indented using an applied load of 0.01 kgf (0.098 N) for 10 s, which gives a 
characteristic indentation length of about 7 m. The hardness was measured on particles with 
size exceeding 20 m. The small indentation length with respect to the particle size permits to 
perform the indentation at the center of the particles and at a reasonable distance from the resin, 
thus avoiding potential artifacts (e.g. non-symmetric indentations) due to the proximity of the 
embedding material. An applied load of 0.5 kgf (4.9 N) for 10 s was used for the hot pressed 
bulk samples. The fracture toughness was measured by Vickers indention technique. The 
indention test was carried out with a load of 4.9 N. The length of the indentation cracks was 
measured using the optical microscope (Nikon Epiphot 300). The equation proposed by Anstis 
et.al [6] was used to calculate the fracture toughness. 
  
 Nanoindentation 
Nanoindentation was performed at room temperature using an Aglient NanoSuite 
Nanoindentation G200 equipped with a Berkovich tip. The specimens with the diameter of 10 
mm and height of 5 mm were grinded and polished to have a mirror-like surface for the 
nanoindentation and the subsequent SEM analysis. A constant indentation strain rate ((dP/dt)/P) 
of 0.05 s-1 was used in the present study. The depth limit of the nanoindenter was 600 nm; the 
holding time at peak load was kept constant at 10 s. A 10 × 10 indentation array with 100 
impressions was taken for each sample. According to ASTM standards [4], the spacing between 
the indentations was at least 2.5 times the size of the indentation (the length of diagonal of the 
impression).  
The hardness from indentation, HIT, is obtained from [5]: 
    
    
  
                                         ,                    (2.3) 
where      is the maximum load, and    the projected area of the contact at that load between 
the indenter and the specimen and is determined from the load-displacement curve. 
2.3.3 Mechanical properties  
Mechanical tests were carried out to evaluate the elastic and plastic strains, yield and 
compressive strengths etc. According to the ASTM standard for compression testing [7], 
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cylinders with a length/diameter ratio of 2.0 (6 mm in length and 3 mm in diameter) were 
prepared from the consolidated samples. The specimens were tested with an INSTRON 8562 
testing facility under quasistatic loading with strain rate of 1×10-3 s-1 at room temperature and 
using an INSTRON 8562-3 with strain rate of 1×10-4 s-1 at elevated temperatures. Both ends of 
the specimens were polished to have a plane parallel surface. A laser extensometer-type parallel 
scanner from Fiedler Optoelektronik GmbH, Germany, was used to measure the strain during the 
compression test. 
2.3.4 Young s´ modulus 
Plane parallel samples of ~ 10 mm diameter and ~ 10 mm length were used for measuring 
the Young’s modulus. The pulse echo overlap (PEO) method was used to measure the acoustic 
velocities. The travel time of the ultrasonic waves propagating through the rod with a 10 MHz-
carry frequency was measured using a MATEC 6600 ultrasonic system using the quartz 
transducers with a measuring sensitivity in the order of 0.5 ns. Young’s modulus E was derived 
from the acoustic velocities and the density using [8, 9]: 
2 2
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                                     ,                    (2.4) 
where
sv and lv are longitudinal land transverse sound velocities, respectively, and  is the 
density.  
 
2.4 Fretting wear 
Fretting wear was measured using an OPTIMOL SRV (Germany) fretting wear testing 
machine. A torsional contact with an angle of α = 0° was used in the present set of experiments. 
A pre-load of 5 N for 30 s is applied over the ball against the samples after which the test was 
carried out at a load of 10 N for 30 min with a frequency of 50 Hz and a half-amplitude of 1000 
μm. 
The fretting wear volume was evaluated by [10] 
 3/)3(2 hRhV ff     ,     (2.5) 
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where Vf  is the volume loss, h is depth of the fretting scar and the subscript f indicates fretting. 
Rf  is equal to (T
2 + h2) / 2h and T = (d1 × d2)
-0.5 / 2, where d1 and d2 are the principal diameters 
of the wear surface that take into account any deviation from perfect circular shape of the fretting 
scar. The wear surfaces of the samples were characterized by optical microscopy and by 
scanning electron microscopy. 
  
2.5 Corrosion  
The samples with the following dimension 3 mm × 3 mm × 2 mm were used for the 
weight-loss corrosion experiments. The samples were polished using SiC paper from 400 down 
to 4000 grit and subsequently polished using 3 μm and 0.25 μm diamond suspensions. The 
samples were cleaned with ethanol and the initial weight as well as the dimensions of the 
samples was measured. The samples were then immersed in 0.01 M, 0.1 M and 1 M HNO 3 
solutions. The samples were taken out of the acidic solution every 24 h,  subsequently rinsed with 
distilled water and dried in hot air. The samples were then weighted, and re-immersed in the 
acidic solution again for additional 24 h. This cycle was repeated for a total of 14 days. The 
corrosion products were not removed intentionally at any of the intermediate stages. They were 
removed only after the last measurement for microscopic investigations. A Mettler Toledo 
AX205 analytical balance with the smallest increment of 0.01 mg was employed for all the 
weight measurements. Three independent trials were conducted under similar conditions and the 
results presented here were determined by statistical analysis over the three experiments. 
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Chapter 3: Effect of ball milling on structure and thermal stability of 
Al84Gd6Ni7Co3 glassy powders 
As already discussed in the previous chapters, achieving high strength is a long-standing 
objective pursued in metals and alloys. This can be achieved by the production of amorphous or 
NC/UFG aluminum alloys. Hot pressing (HP) of amorphous powders into bulk sample has been 
widely used in the last decades in order to produce such high-strength materials. Among the 
different high-strength Al-based alloys developed recently, the Al84Gd6Ni7Co3 alloy produced by 
HP at the IFW Dresden is of particular interest because of its excellent mechanical performance: 
yield strength in the range of 930–1250 MPa and compressive strength in the range of 1275–
1560 MPa [1].  
 
 
Figure 3.1 Room temperature compression stress-strain curves for the Al84Gd6Ni7Co3 gas-atomized 
powder hot pressed at different temperatures [1]. 
 
The microstructural state of the starting material has a direct influence on the 
microstructure and related properties of the final bulk consolidated material. Among the different 
processing routes, ball milling (BM) can be effectively used to change the initial structural state 
of the powders and to control the thermal stability and phase evolution during heating of the 
material. 
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Accordingly, in this chapter the effect of ball milling on microstructure and thermal 
stability of gas-atomized Al84Gd6Ni7Co3 glassy powder has been investigated in detail. Particle 
size and morphology, which are of significant importance for any sintering process, have been 
analyzed as a function of the milling time. Finally, structure evolution of the milled powders 
during heating has been studied by in-situ high-energy X-ray diffraction in order to correlate the 
observed changes of the thermal stability induced by milling with any phase modification.  
 
3.1 Phase analysis and thermal stability of the as-milled powders 
Figure 3.2 shows the XRD patterns of the Al84Gd7Ni6Co3 powder as a function of the 
milling time (t). The as-atomized powder (BM 0h) displays the broad diffraction maxima typical 
of amorphous materials along with a few crystalline peaks belonging to fcc-Al and orthorhombic 
Al19Gd3Ni5 (space group Cmcm). The intensity of the peaks from Al and Al 19Gd3Ni5 is rather 
weak, which indicates that only small amounts of crystalline phases are present. 
 
 
Figure 3.2 XRD patterns ( = 0.1789 nm) of the Al84Gd7Ni6Co3 powder as a function of the milling time.  
 
The presence of the crystalline phases can be ascribed to the cooling rate achieved during 
gas atomization [2]. Large particles (Figure 3.3(a)), which experience a relatively slow cooling 
rate, display crystalline precipitates, whereas the more rapidly cooled small particles (Figure 
3.3(b)) show a featureless amorphous appearance. The intensity of the crystalline peaks in Figure 
3.2 decreases with increasing the milling time and, after milling for 80 h, the peaks are no longer 
visible. This indicates that ball milling is effective for reducing the amount of crystalline phases 
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in the glass. Finally, the pattern of the sample milled for t = 100 h displays the double diffraction 
broad maxima in the range between 40 and 55° (marked by arrows in Figure 3.2) frequently 
observed for Al-based glasses with high Al content [3]. 
 
 
Figure 3.3 SEM micrographs of the Al84Gd7Ni6Co3 particles with size (a) larger and (b) smaller than 20 
m. 
 
The effect of ball milling on the thermal stability of the powders is shown in Figure 3.4. 
The isochronal DSC curve (heating rate 20 K/min) of the as-atomized powder is characterized by 
an endothermic event at about 555 K due to the glass transition (Tg), followed by two main 
exothermic peaks T1 and T3 with peak temperatures at 583 and 650 K along with two minor 
exothermic peaks (T2 and T4) at 607 and 735 K. Milling drastically changes the thermal stability 
of the powders. The T1 peak decreases its intensity and shifts to higher temperatures with 
increasing milling, whereas the intensity of T2 significantly increases in the same milling period. 
The changes of T3 are even more drastic: the peak splits into two distinct peaks for t > 15 h, with 
position and intensity continuously varying with milling. In contrast, T4 does not show 
appreciable variations resulting from the mechanical treatment. These results suggest that change 
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of the glass composition occurs during milling as a result of the amorphization of the residual Al 
and Al19Gd3Ni5 phases and corroborates that mechanically-induced amorphization takes place in 
the present system. 
 
 
Figure 3.4 Isochronal (20 K/min) DSC scan of the Al84Gd7Ni6Co3 powder as a function of the milling 
time. 
 
3.2 Phase evolution during heating  
The remarkable variation of the thermal stability of the Al 84Gd7Ni6Co3 powder shown in 
Figure 3.4 indicates that the phase evolution during crystallization of the as-atomized glass may 
be drastically changed by the milling process. In order to clarify this aspect, the structure 
evolution during heating of the as-atomized material and of the powders milled for 30 and 100 h 
was studied in-situ by XRD in transmission using a high-intensity high-energy monochromatic 
synchrotron beam (λ = 0.01249 nm) at the ID11 beamline of the European Synchrotron 
Radiation Facilities (ESRF). The samples were induction-heated to about 873 K and X-ray 
patterns were recorded in-situ every 20 s. Diffraction data were collected at a constant heating 
rate of 20 K/min to compare the structural evolution with the thermal stability investigated by 
DSC.  
The diffraction patterns (Figures 3.5(a)-(c)) reveal that the crystallization behavior of the 
powders can be divided into four main stages: (stage I) below the first crystallization peak T1, 
where no phase changes can be observed; (stage II) primary crystallization of fcc-Al; (stage III) 
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eutectic crystallization of monoclinic Al9Co2 (space group P21/c) and (metastable) orthorhombic 
Al11Gd3 [4] (space group Immm) phases; (stage IV) decomposition of the metastable phase 
Al11Gd3 and formation of the Al19Gd3Ni5 and hexagonal Al3Gd (space group P63/mmc) phases. 
The different stages may partially overlap in the milled powders as a result of changed thermal 
stability (Figure 3.4). The growth of fcc-Al formed during the primary crystallization most likely 
occurs during the whole crystallization process. 
 
 
Figure 3.5 In-situ XRD patterns (λ = 0.01249 nm) as a function of temperature for the Al84Gd7Ni6Co3 
powder: (a) as-atomized, (b) milled for 30 h and (c) milled for 100 h. (d-f) Corresponding intensities of 
selected diffraction peaks of the different phases as a function of temperature.  
 
Although stage I does not involve any evident phase transition, the amorphous structure 
does undergo structural rearrangements in this temperature range. This is shown in Figure 3.6, 
which displays the position of the broad amorphous maximum at about Qp = 26 nm
−1 of the 
different powders as a function of temperature. The peak position decreases linearly with 
  
66 
increasing temperature up to about 500 K. This behavior can be ascribed to thermal expansion 
and to the corresponding increase of the mean atomic spacing [5, 6]. For temperatures exceeding 
500 K, the peak position remains constant as a result of the additional effect of structural 
relaxation and free volume annihilation that, by inducing shorter interatomic distances [5, 6], 
compensates the contribution of thermal expansion. The results in Figure 3.6 reveal that the 
variation of the peak position with temperature is essentially the same for  the as-atomized 
material (BM 0 h) and the powders milled for 30 and 50 h, which indicates that ball milling has 
no significant effect on the structural relaxation of the present material. 
 
 
Figure 3.6 Position of the broad amorphous maximum at about Qp = 26 nm
−1 for the different powders as 
a function of temperature. 
 
For the as-atomized powder (Figure 3.5(a)), stage II takes place in the temperature range 
between 567 and 650 K. The intensity of fcc-Al peak starts to increase clearly at 581 K and, at 
the same time, a new tiny peak, corresponding to the metastable phase Al11Gd3, appears and 
growth slowly. Stage III occurs in the range 650 - 692 K. Because of the eutectic crystallization, 
the intensity of the peaks belonging to the Al11Gd3 and Al9Co2 phases increases simultaneously, 
as seen in the XRD pattern taken at 659 K. The intensity of the diffraction peaks from Al 11Gd3 
reaches the maximum at 692 K, whereas the intensity of the fcc-Al peaks increases slowly with 
temperature. Stage IV occurs for temperatures exceeding 692 K, where the intensity of the 
Al11Gd3 peaks drastically decreases, indicating that this phase is metastable and decomposes at 
high temperatures to form the Al19Gd3Ni5 and Al3Gd phases. 
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The onset temperature of the stage II increases from 567 for the as-atomized powder to 
577 K for the material milled for 100 h, whereas the end temperature varies from 638 to 618 K, 
therefore reducing its temperature range. In contrast, the onset temperature of stage III decreases 
from 650 to 618 K in the same milling period, while the range becomes broader with milling.  
The onset temperature of stage IV decreases from 692 K for the as-atomized powder to 618 K 
for the powder milled 100 h.  
The intensities of selected diffraction peaks of the different phases (evaluated from the 
data in Figures 3.5(a)-(c)) are shown in Figures 3.5(d)-(f) as a function of temperature. The 
results reveal that milling changes the relative amount of the phases. The intensity of the fcc-Al 
peak slightly increases with increasing the milling time for temperatures higher than about 570 K. 
Much stronger increase of intensity with milling can be observed for the peaks belonging to the 
Al11Gd3 and Al9Co2 phases. The intensity of these phases displays a maximum at temperatures in 
the range 700 - 750 K and then it decreases at higher temperatures, characteristic of metastable 
phases. A significant increase of peak intensity with milling can also be observed for the Al 3Gd 
phase, whereas the intensity of the Al19Gd3Ni5 remarkably decreases at low temperatures, where 
the peaks from Al11Gd3 and Al9Co2 display the highest intensity. This suggests that milling 
promotes the formation of the metastable Al11Gd3 and Al9Co2 at the expenses of the ternary 
Al19Gd3Ni5 phase. 
 
3.3 Effect of milling on size, morphology and hardness of particles 
The morphology and the particle size distributions of the as-atomized and the milled 
Al84Gd7Ni6Co3 powders are shown in Figure 3.7. The as-atomized particles (Figure 3.7(a)) have 
spherical shape, which becomes irregular upon milling (Figures 3.7(b) and (c)). The average size 
of the particles as a function of milling time is shown in Figure 3.7(d) along with the particle size 
distribution of the as-atomized Al84Gd7Ni6Co3 (Figure 3.7(e)) and of the powders milled for 30 
(Figure 3.7(f)) and 100 h (Figure 3.7(g)). The average particles size gradually increases from 4.2 
± 0.3 µm for the as-atomized powder to 44 ± 1 μm for the powder milled for 80 h and then it 
slightly decreases to 36 ± 0.8 μm for the powder milled 100 h (Figure 3.7(d)). Additionally, the 
particle size distribution becomes wider with increasing the milling time (Figure 3.7(e) - (g)).  
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Figure 3.7 SEM micrographs for the Al84Gd7Ni6Co3 powder: (a) as-atomized, (b) milled for 30 h and (c) 
milled for 100 h. (d) Average size of the particles as a function of milling time. Particle size distribution 
for the powder: (e) as-atomized, (f) milled for 30 h and (g) milled for 100 h. 
 
The events occurring during ball milling can be divided into three main stages. During 
the initial stages (t ˂ 30 h), the shape of the particles becomes irregular due to the compressive 
forces, generated by ball-powder-ball collisions, acting on the particles. The small particles (size 
≤ 5 μm) tend to agglomerate resulting in the increase of particle size. During the second stage 
(50 h < t < 80 h), the particles tend to agglomerate thereby increasing the average diameter from 
~ 12 μm to ~ 42 μm, as a result of the cold-welding during ball milling. In the last stage, the 
agglomerated particles tend to fracture, thereby marginally reducing the average particle 
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diameter from ~ 42 to ~ 36 μm. The particle size may then remain stable after this phase because 
of the competition between cold-welding and fracture [7].  
 
The mechanical behavior of the Al 84Gd7Ni6Co3 powder was studied using Vickers micro 
hardness (Hv). Figure 3.8 shows the average micro hardness values of the Al84Gd7Ni6Co3 powder 
as a function of the milling time. The hardness is 367 ± 10 Hv for the as-atomized powder and 
there is no significant difference for milling up to 15 h. The micro hardness then increases to 389 
± 4, 402 ± 5 and 407 ± 4 Hv for the samples milled 30, 50 and 80 h, respectively. No significant 
change of hardness is observed for further milling up to 100 h (409 ± 5 Hv). 
 
 
Figure 3.8 Hardness as a function of the milling time for the Al84Gd7Ni6Co3 powder. 
 
The present results show that amorphization of the residual crystalline phase in the as-
atomized Al84Gd7Ni6Co3 powder occurs during ball milling. Several authors have studied the 
mechanism of solid-state amorphization induced by milling in the last decades [8-12]. 
Mechanically induced amorphization have been ascribed to three main factors: severe plastic 
deformation, local temperature rise and contamination of the milled powders [7, 13]. The 
mechanism of amorphization induced by the temperature rise suggests that during ball milling 
the local effective temperature can exceed the melting temperature in the regions that were 
severely deformed as a result of the high-energy collisions; the melted regions then rapidly 
solidify, leading to the formation of amorphous regions [13]. However, this mechanism is 
controversial because the energy input calculations and the temperature measurements suggest 
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that the temperature rise is not large enough for the powder particles to melt [7]. Another 
possible factor, which may lead to the crystal-to-amorphous transition, is the introduction of 
contaminants in the ball-milled powders [14, 15]. The oxygen content raises from 0.18 wt.% in 
the as-atomized powder to 0.69 wt.% after milling for 100 h, whereas the iron content increases 
from 0.05 to 0.08 wt.%. The level of contamination after milling is quite low and can be 
neglected, since it may not have significant role to play in the amorphization of the powders 
during milling [14]. 
Plastic deformation is another mechanism that is usually used to explain the 
amorphization during milling. The amorphous phase is a metastable phase and the free energy of 
the amorphous material is higher than that of solid solutions and intermetallic phases. In the case 
of amorphization, extra energy must therefore be given to raise the free energy level of the 
starting material to overcome the energy barrier for the transformation. Because of the severe 
plastic deformation induced by milling, the extra energy can be stored in the form of structural 
defects, such as vacancies, dislocations, grain boundaries, and anti-phase boundaries [7]. Two 
major plastic deformation mechanisms for the crystal-to-amorphous transition during milling 
have been proposed in the last decades: amorphization induced by (1) size refinement and by (2) 
chemical disordering. Cho and Koch have suggested that when the nanocrystalline grains fall 
below a critical value, the free energy increases in the grain boundaries can act as driving force 
for amorphization [16]. Alonso et al. [11] suggested that the starting intermetallic system passes 
through a chemically disordered state of higher free energy and then relaxation from the 
disordered state determines the final structure. If the relaxation rate is too slow, the system is 
driven into the amorphous state on further milling [11]. Finally, Sun et al. [8] suggested that 
large lattice strain caused by the dissolution of the second phases may accelerate the instability 
of fcc phases during milling. In the present case, the crystalline phases in the as-atomized 
powder are rod-like Al19Gd3Ni5 intermetallics and fcc-Al nanocrystals (Figure 3.2). Due to the 
severe plastic deformation during BM, the rod-like Al19Gd3Ni5 phase is broken into small 
fragments and the its size decreases with increasing milling time, as shown in Figure 3.7. With 
decreasing the size of the intermetallic phase, the interface area between the intermetallic and the 
amorphous matrix increases, raising the free energy of the system. At the same time, the 
accumulation of structural defects in the Al19Gd3Ni5 and fcc-Al also enhances the free energy of 
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the system. Finally, when the free energy of the system reaches a critical value, the crystal -to-
amorphous transition may take place. 
During annealing, the crystallization behavior of the Al 84Gd7Ni6Co3 alloy correlates with 
the milling conditions. Milling can efficiently improve the thermal stability of the Al 84Gd7Ni6Co3 
alloy due to the amorphization of the pre-existing crystalline phases. As discussed earlier, the 
amount of nanocrystals decreases with increasing the milling time, which means that the number 
of nucleation sites for crystallization decreases and extra energy is needed for the nucleation 
process. This is corroborated by the activation energy (calculated using the Kissinger method, 
see page 16) for crystallization of fcc-Al for the Al84Gd7Ni6Co3 powder milled for 100 h (365 ± 
10 kJ/mol), which is about 83 kJ/mol higher than the value of the as-atomized powder. 
The as-atomized powder has the lowest microhardness value because of the presence of 
soft crystalline fcc-Al [17]. As discussed earlier, the amount of crystalline phases decreases with 
increasing milling time as a result of the formation of the harder amorphous phase. This in turn 
increases the hardness of the milled powders. However, after milling for 80 h, the powder is 
almost amorphous and it does not change significantly with further milling. As a result, the 
hardness of the powder milled for 100 h milling does not change significantly.  
The present results demonstrate that milling has a significant influence on the 
microstructure and thermal stability of the Al84Gd7Ni6Co3 powder. The traces of crystalline 
phases present in the as-atomized powder can be amorphized by BM, thereby improving the 
thermal stability of the material. The crystallization of the Al84Gd7Ni6Co3 powder can be divided 
into four stages: (stage I) structural relaxation; (stage II) primary crystallization of fcc-Al; (stage 
III) eutectic crystallization of Al9Co2, and (metastable) Al11Gd3 phases; (stage IV) decomposition 
of the metastable phase Al11Gd3 and formation of the Al19Gd3Ni5 and Al3Gd phases. Although 
BM has no visible influence on structural relaxation, it significantly changes the crystallization 
behavior. The onset temperature of the primary crystallization increases with increasing the 
milling time, whereas the temperature of crystallization of the intermetallics shifts to lower 
temperatures. Milling also changes the relative amount of the phases during annealing. The 
hardness of the Al84Gd7Ni6Co3 powder increases with milling time. The evolution of hardness 
demonstrates that the microstructural changes of the powder have a significant effect on their 
macroscopic properties.  
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Chapter 4: Effect of milling on the sintering behavior of  
the Al84Gd6Ni7Co3 alloy  
The consolidation parameters are crucial issues that decide the final structure and the 
properties of hot pressed materials [1]. Among the different parameters, the hot pressing 
temperature has the major influence on the structure of the bulk samples produced by 
consolidation of amorphous precursors. This is because the amorphous powders may crystallize 
during consolidation, giving rise to a large variety of structures depending on the selected 
sintering temperature.  
 
4.1 Effect of hot pressing temperature on structure and properties of as-atomized 
Al84Gd6Ni7Co3 glassy powder 
The effect of temperature on the densification and microstructural evolution of the as-
atomized Al84Gd6Ni7Co3 glassy powder have been investigated elsewhere [2]; however, some 
key features have to be given here. 
The samples were produced by hot pressing at 573, 623, 673 and 723 K with 3 minutes 
dwelling time. By evaluating the shrinkage of the samples as a function of the hot pressing 
temperature, it was found that the maximum sintering rate is at about 573 K [2], which is above 
the glass transition region (cf. Figure 3.3), where the sample experiences viscous flow behavior. 
The density follows the shrinkage curve and it increases with increasing hot pressing 
temperature, finally approaching the maximum density at the given conditions for temperatures 
≥673 K [2]. 
The microstructure of the hot pressed samples produced form the as-atomized 
Al84Gd6Ni7Co3 powder are shown Figures 4.1 and 4.2 as a function of the hot pressing 
temperature. When the powder is hot pressed at 573 K (Figures 4.1(a)-(c)), where the maximum 
sintering rate takes place, incomplete densification occurs and a large amount of porosity is 
observed. Interestingly, a concentration gradient is visible as dark regions at the areas 
surrounding the inter-particle pores, which was ascribed to preferential diffusion of Al toward 
the pores [2]. 
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Figure 4.1 SEM micrographs for the as-atomized Al84Gd6Ni7Co3 powder consolidated at (a-c) 573 and (d-
f) 623 K. (after [2]). 
 
 
 
 
Figure 4.2 SEM micrographs for the Al84Gd6Ni7Co3 samples consolidated at (a-c) 673, (d-e) 723 and (g-i) 
773 K. (f) TEM micrograph of the sample hot pressed at 723 K showing an example of inter-particle 
region (after [2]).  
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The powder hot pressed at 623 K (Figures 4.1(d)-(f)) displays reduced porosity. In addition, 
this samples shows NC/UFG particles with size in the range of 50 to 200 nm (Figure 4.1(f))  
resulting from the crystallization of the glassy phase at the given temperature.  
The porosity is drastically reduced in the sample hot pressed at 673 K (Figures 4.2(a)-(c)). 
Here, only a few pores with size below 1 m can be observed (e.g. pore marked by an arrow in 
Figure 4.2(c)). At this stage, the inter-particle regions are well-developed and filled with -Al 
[2]. In addition, rod-like nano-sized features can be observed, implying that extended 
crystallization of the glassy phase occurred in this sample. Crystallization continues in the 
samples hot pressed at 723 and 773 K (Figures 4.2(d)-(i)): the microstructure consists of 
agglomerates of bright rod-like particles and black areas of nm-scaled dimensions along with the 
inter-particle regions already observed in the sample hot pressed at 673 K [2]. 
This microstructure leads to remarkable mechanical properties, as shown in Figure 4.3, 
which displays the room temperature compressive stress-strain curves for the as-atomized 
Al84Gd6Ni7Co3 powders consolidated at temperatures between 623 and 773 K. No compression 
test was given for the sample HP at 573 K due to the incomplete consolidation of the specimen 
[2]. The results reveal that crystallization during consolidation is not detrimental: yield and 
compressive strengths can be varied as a function of the sintering temperature in the range of 930 
– 1250 MPa and 1275 – 1560 MPa, respectively, while the plastic strain varies between 3 and 5 
%. 
 
 
Figure 4.3 Room temperature compressive stress-strain curves for the Al84Gd6Ni7Co3 samples hot pressed 
at different temperatures [2].  
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4.2 Effect of hot pressing temperature on structure and properties of ball milled 
Al84Gd6Ni7Co3 glassy powder 
In this section, the effect of the hot pressing temperature on microstructure and mechanical 
properties of the bulk samples produced from the powder milled for 100 h is systematically 
studied. In order to compare the results with the data from Surreddi [2], the bulk samples were 
produced by hot pressing at 573, 673, 723, 773 and 823 K (hereafter samples labeled as HP573, 
HP673, HP723, HP773 and HP823, respectively) with 3 minutes dwelling time. 
Figure 4.4 displays the XRD patterns of the bulk samples hot pressed at different 
temperatures. The phase evolution during hot pressing is similar to what observed for the parent 
as-milled powder (Chapter 3): the pattern of HP573 displays the broad amorphous maximum at 
243°, indicating that a residual amorphous phase is present in the consolidated sample, along 
with several broad crystalline peaks that can be ascribed to fcc-Al. When the HP temperature is 
673 K, the amorphous maximum is no longer visible and the pattern consists of the diffraction 
peaks from fcc-Al, Al19Gd3Ni5, Al9Co2 and Al11Gd3 phases. The intensity of Al11Gd3 peaks 
decreases with increasing consolidation temperature, and then the peaks disappear at temperature 
higher than 773 K, in agreement with the results shown in Chapter 3. In contrast to Al11Gd3, the 
peak intensity of fcc-Al and Al3Gd increases with increasing temperature. Finally, the phases 
present in the HP773 and HP823 samples are fcc-Al, Al19Gd3Ni5, Al9Co2 and Al3Gd. 
 
 
Figure 4.4 XRD patterns (Co-K radiation) of the Al84Gd6Ni7Co3 powder milled for 100 h and bulk 
samples hot pressed at different temperatures.  
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Figure 4.5 Back-scattered SEM micrographs of HP573. 
 
The microstructure of the HP samples was studied using SEM, OM and TEM. Figure 4.5  
shows the microstructure of HP573. Similarly to the as-atomized material (Figures 4.1(a)-(c)), 
the powders consolidated at 573 K exhibits significant porosity.  
 
 
Figure 4.6 (a),(c),(d) SEM and (b) OM micrographs of HP673. 
 
Figure 4.6 shows the microstructure of HP673. The porosity is drastically reduced 
compared to HP573 and good bonding between the particles is achieved. The black interface 
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between the particles visible in the SEM micrograph in Figure 4.6(a), corresponding to the bright 
areas in the OM image in Figure 4.6(b), is not due to porosity. They correspond to the inter-
particle Al-rich areas already observed in the corresponding HP sample produced from the as-
atomized powder (Figure 4.2(a)-(c)). As shown in Figures 4.6(c) and (d), the bright intermetallic 
phases have submicron size and are connected to form a skeleton-like structure. The reduced 
dimension of the phases is corroborated by the bright-field TEM micrograph and the 
corresponding electron diffraction pattern in Figure 4.7, which display microstructural features 
with ultrafine-grained or nanocrystalline size. 
 
 
 
Figure 4.7 TEM micrograph of HP673 and (inset) corresponding electron diffraction pattern.  
 
For hot pressing temperatures exceeding 673 K (Figures 4.8 and 4.9), the samples display 
a bimodal-like microstructure consisting of regions with coarse precipitates (CR) surrounded by 
regions with fine grained phases (FR). These microstructural features are analyzed and discussed 
in detail in Chapter 5. Higher volume fraction of coarse regions is observed in HP823 (Figure 
4.9), indicating that the volume fraction of these regions increases with increasing hot pressing 
temperature. The bimodal-like microstructure is strikingly different with respect to that observed 
for the samples produced from the as-atomized powder (Figures 4.2(d)-(i)), which instead 
consists of a rather homogeneous distribution of rod-like features separated by the inter-particle 
Al-rich regions. 
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Figure 4.8 SEM micrograph of HP773. 
 
 
 
Figure 4.9 SEM micrograph of HP823. 
 
The effect of hot pressing temperature on the hardness of the samples is shown in Figure 
4.10. HP573 has relative low hardness, most likely owing to its large amount of porosity. The 
hardness increases slightly with increasing consolidation temperature and then it reaches the 
maximum value of about 5.1 GPa. The hardness then decreases with further increasing hot 
pressing temperature, probably as results of grain growth and because of the phase 
transformations occurring during heating (Figure 4.4).  
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Figure 4.10 Hardness as a function of the HP temperature for the bulk Al84Gd6Ni7Co3 samples produced 
from the powder milled for 100 h. 
 
 
Figure 4.11 Room temperature compressive stress-strain curves for the Al84Gd6Ni7Co3 samples produced 
by hot pressing at different temperatures from the powder milled 100 h. 
 
The room-temperature compressive stress-strain curves for the bulk HP573, HP673, 
HP773 and HP823 samples are shown in Figure 4.11 and the corresponding mechanical 
properties are summarized in Figure 4.12. Due to the large porosity, HP573 breaks at a rather 
low strength (~ 0.84 GPa) without any visible plastic strain. In contrast, the HP673 specimen 
displays remarkably high yield strength of ~ 1.68 GPa (the highest among the tested samples) 
along with ultimate strength of ~ 1.76 GPa and 0.3 % plastic strain (Figures 4.12(a) and (b)). 
With increasing the HP temperature to 723, 773 and 823 K, the yield strength decreases to about 
1.56, 1.37 and 1.09 GPa, respectively, whereas the ultimate strength remains in the range of 
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about 1.5 – 1.8 and the plastic strain considerably increases to about 3.6 % for both the HP773 
and HP823 samples. In analogy with the yield strength, the Young’s modulus (evaluated from 
the linear elastic region of the curves in Figure 4.11) decreases with increasing hot pressing 
temperature from 126 GPa for HP673 to 109 GPa for HP823 (Figure 4.12(c)). 
 
 
 
 
Figure 4.12 (a) Yield strength, (b) ultimate strength and (c) Young’s modulus as a function of the HP 
temperature for the consolidated samples produced from the as-atomized material and powder milled for 
100 h. 
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The yield and ultimate strength and the Young s´ modulus of the Al84Gd6Ni7Co3 samples 
produced from the powder milled 100 h are significantly higher than the corresponding 
specimens produced form the as-atomized material (Figures 4.12(a)-(c)), except for the samples 
hot pressed at 723 K that display similar values of ultimate strength and Young s´ modulus.  
The fracture toughness, or critical stress intensity factor, is one of the most important 
parameters required for the prediction of the mechanical performance of structural materials [3]. 
In this work, the fracture toughness of the samples was measured by indentation, which has been 
widely used in the past years for evaluating the fracture toughness of samples with the small size 
[4]. In comparison with conventional methods for the determination of the fracture toughness, 
which require complex experimental procedure and samples with large dimensions, the 
indentation method is particularly useful for small and brittle materials with limited fracture 
toughness [4]. The following expression for indentation fracture toughness was used for the 
present calculations [5]: 
         
       
       ,              (4.1) 
where    is the fracture toughness,   the peak load,    the crack dimension,   the Young’s 
modulus,   the hardness and   is a constant (which is taken here as 0.016). The Young’s 
modulus   was obtained from the compression stress-strain curves in Figure 4.11. Relatively 
high loads during indentation are required to initiate the cracks at the indent; a load of 4.9 N was 
used in these measurements. 
 
 
Figure 4.13 Fracture toughness as a function of the HP temperature for the bulk specimens produced from 
the powder milled for 100 h. 
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Under such load, cracks are initiated at the corners of the indents (see insets in Figure 4.13). 
The values of fracture toughness measured through Eq. (4.1) are 2.8, 6.0, 6.6, 20.6 and 35.9 MPa 
√m for HP573, HP673, HP723, HP773 and HP823, respectively (Figure 4.13). It is interesting to 
note that, for hot pressing temperatures up to 723 K, a modest increment of fracture toughness is 
observed. For consolidation at higher temperatures, the fracture toughness of the samples 
increases sharply. This behavior can be ascribed to the microstructure evolution during HP at 
different temperatures. The low fracture toughness of HP573 is most likely due to the large 
porosity of this sample. Fracture toughness is enhanced in the samples hot pressed at 673 K 
because of the reduced porosity. For the samples hot pressed at temperatures ≥773 K, the sharp 
increase of fracture toughness can be attributed to their bimodal-like microstructure consisting of 
coarse and fine regions, as it will be explained in the following chapter.  
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Chapter 5: Synthesis and characterization of the Al-Gd-Ni-Co alloy by  
consolidation of milled powders 
 As already shown in Chapter 3, ball milling significantly changes the initial structural 
state of the Al84Gd6Ni7Co3 powder and its phase evolution during heating. This, in turn, has a 
crucial role on the microstructure achievable in the subsequent consolidation step, which finally 
decides the properties of the consolidated samples. In order to analyze this aspect, in this chapter 
the effect of milling and of the resulting microstructural state of the starting material on the 
mechanical, tribological and corrosion properties of the consolidated Al84Gd6Ni7Co3 bulk 
samples is investigated.  
 
5.1 Effect of milling on microstructure and mechanical, wear and corrosion 
properties  
In this section, the influence of ball milling on the microstructure and mechanical 
properties of the HP Al84Gd6Ni7Co3 powder is analyzed. For this purpose, the bulk samples were 
produced from the powders milled for 50, 80 and 100h (hereafter labeled as HP1, HP2 and HP3, 
respectively) by hot pressing for 3 minutes at 773 K and 637 MPa. In addition, for comparison 
purposes, hot pressed samples from the as-atomized powder (HP0) were also produced using the 
same hot pressing parameters. 
 
5.1.1 Microstructure 
As a typical example of the thermal stability of the hot pressed samples, Figure 5.1 
displays the DSC scans of the bulk HP3 sample along with the parent powder milled for 100 h. 
In contrast to the milled powder, the scan of HP3 is flat and does not show any trace of the 
crystallization events, indicating that complete devitrification of the amorphous phase occurs in 
these hot pressing conditions. The complete crystallization of the samples is confirmed by the 
XRD patterns in Figure 5.2. The HP samples display the crystallization products already 
observed in Chapter 3 (fcc-Al, Al19Gd3Ni5, Al3Gd and Al9Co2), whereas no sign of the typical 
broad diffuse amorphous maximum can be observed. The crystalline phases are NC or UFG 
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according to the rather broad diffraction peaks, and do not significantly vary with increasing the 
milling time.  
 
 
Figure 5.1 DSC traces (heating rate 20 K/min) of the Al84Gd6Ni7Co3 powder milled for 100 h and of the 
corresponding bulk sample (HP3) hot pressed at 773 K and 637 MPa. 
 
 
Figure 5.2 XRD patterns (Co-K radiation) of the HP0, HP1 and HP3 bulk samples. 
 
Even though the phases characterizing the HP0, HP1 and HP3 bulks are the same, their 
microstructures are rather different. This is directly related to the microstructure evolution of the 
Al84Gd6Ni7Co3 powder during milling (Figures 5.3(a)-(c)). The as-atomized powder consists of 
large particles with a high density of crystalline precipitates and small particles with a featureless 
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amorphous appearance (Figure 5.3(a)). At the initial stages of milling, the small amorphous 
particles adhere on the surface of the larger crystalline particles (which remain relatively 
unaffected) and, with increasing the milling time, they form particles with a composite structure 
consisting of an irregular amorphous layer that completely covers the crystalline core (Figure 
5.3(b)). The thickness of the amorphous layer grows with increasing the milling time and after 
100 h the crystalline core is barely visible (Figure 5.3(c)), which indicates that amorphization 
during milling extends from the surface to the interior of the particles and finally involves the 
crystalline cores through one of the mechanisms discussed in Chapter 1.  
 
 
Figure 5.3 SEM micrographs of (a) as-atomized powder and powders milled for (b) 50 and (c) 100 h, and 
corresponding HP samples (d) HP0, (e) HP1 and (f) HP3. The areas labeled with CR contain coarse 
precipitates, while the regions labeled with FR consist of finer nanocrystalline phases.  
 
The microstructure characterizing the milled powders can be distinguished even after the 
combined consolidation and crystallization process used for the production of the bulk samples 
(Figures 5.3(d)-(f)). The microstructure of the HP0 sample (Figure 5.3(d)) consists of the original 
particles that retain their spherical shape along with black inter-particle areas connecting the 
particles. The black interface between the particles visible in the SEM micrograph (Figure 
5.3(d)) is not due to porosity. This is particularly evident in the OM micrograph in Figure 5.4(a), 
where small pores can be easily distinguished from the surrounding white interface (which 
corresponds to the black interface in Figure 5.3(d)). SEM-EDX composition analysis (Figure 
  
89 
5.5) reveals that the black particle interface observed in the HP0 sample are rich in Al,  whereas 
gadolinium, nickel and cobalt are not detected in these areas. This indicates that the preferential 
diffusion of Al toward the pores occurs during hot pressing, in agreement with the results of 
Scudino et al. [1] for Al87Ni8La5 alloys produced by spark plasma sintering. 
 
.  
Figure 5.4 OM micrographs of the (a) HP0 and (b) HP3 samples.  
 
 
Figure 5.5 SEM micrographs (a) and corresponding EDX elemental mapping of (b,c) Al, (d) Gd, (e) Ni 
and (f) Co for the HP0 sample. 
 
The microstructure of the HP1 sample clearly resembles the composite structure of the 
parent milled powder (compare Figures 5.3(b) and (e)) and consists of regions with coarse 
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precipitates (coarse regions: labeled CR in Figure 5.3(e)) surrounded by regions containing fine 
nano-scaled phases (fine regions: labeled FR in Figure 5.3(e)). The coarse regions correspond to 
the crystalline core in Figure 5.3(b), and the fine regions to the surrounding amorphous layer. 
The amount of the coarse regions decreases for longer milling times (Figure 5.3(f)), in agreement 
with the reduced size of the crystalline cores with increasing the milling time. Similarly to HP0, 
the HP3 sample displays very low porosity, while the amount of inter-particle Al-rich areas is 
drastically reduced (Figure 5.4(b)). 
 
 
Figure 5.6 SEM micrographs of HP3 showing the microstructure of the coarse regions (CR), fine regions 
(FR) and the interface between them.  
 
In order to completely characterize the unique bimodal-type microstructure of the bulk 
samples produced form the Al84Gd6Ni7Co3 milled powders, the microstructure of HP3 was 
studied in detail by SEM and TEM. Although the phases in the coarse and fine regions have 
different sizes, they display a similar hybrid structure consisting of rod-like nano-sized features 
uniformly distributed in a dark matrix (Figure 5.). The rod-like phase appears to be 
interconnected to form a continuous skeleton, whereas the matrix is divided into small 
submicron-sized areas. 
SEM and TEM EDX elemental analysis was used to identify the phases present in the hot 
pressed samples produced from the milled powders. As a typical example, Figure 5.7 shows the 
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SEM-EDX map of a coarse region in the HP3 sample. The dark region is Al-rich, whereas the 
bright regions are rich in Gd, Ni and Co. The comparison with the XRD results in Figure 5.2 
indicates that the dark regions correspond to fcc-Al and the bright regions are the Al19Gd3Ni5, 
Al3Gd and Al9Co2 intermetallic phases. The size of these phases in the fine regions, estimated 
from their area in SEM images, are: 40-100 nm for fcc-Al, 10-50 nm width and 100-400 nm 
length for Al19Gd3Ni5 and 100-400 nm diameter for Al3Gd and Al9Co2. The size of the phases in 
the coarse regions is slightly larger than that in the fine regions, but still in the nanometer to 
submicron level.  
 
 
Figure 5.7 SEM micrograph of a coarse region (CR) in HP3 and corresponding elemental map (Al = red, 
Co = green, Ni = blue and Gd = light blue).  
 
 
Figure 5.8 TEM micrograph of a fine region in HP3 and corresponding elemental point analysis.  
 
Due to the extremely small size of the precipitates, elemental analysis in the fine regions 
was carried out by TEM-EDX utilizing elemental point analysis (Figure 5.8). The results reveal 
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that the aluminum content in the dark regions (point O2) exceeds 99 at.%, which corroborates the 
SEM-EDX data for the coarse regions. The rod-like phase (point O1) most likely corresponds to 
Al19Gd3Ni5, the particle-like phase (O3 point) may be associated to Al3Gd and the phase 
corresponding to point O4 may be the Al9Co2 intermetallic. 
 
 
Figure 5.9 Bright-field TEM micrographs of HP3: (a) overview of a fine region, (b) and (c) interface 
between the original milled particles, (d) and (e) interface between the phases. 
 
Figure 5.9 displays the bright-field TEM micrographs of the fine regions of the HP3 
sample. The bright regions, corresponding to fcc-Al, are isolated by the intermetallic skeleton 
(Figure 5.9(a)). The interface between the original milled particles (Figures 5.9(b) and (c)) 
consists of an amorphous layer with thickness of about 5 nm. The amorphous layer is most likely 
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due to surface oxidation of the particles during milling. The interface between fcc-Al and the 
intermetallic phases is well developed and continuous (Figures 5.9(d) and (e)). The phases in 
Figure 5.9(e) are identified as: the bright phase is fcc-Al with (111) distance of 0.239 nm, the 
rod-like phase is Al19Gd3Ni5 with (002) distance of 1.350 nm and the particle-like phase is 
Al9Co2 with (212) distance of 0.253 nm. 
 
5.1.2 Mechanical properties 
Ball milling has a remarkable effect on the mechanical properties of the hot pressed 
samples. For example, the hardness of the bulk specimens increases from about 3.1 GPa for HP0 
to 3.5 and 3.6 GPa for HP1 and HP2, respectively, finally reaching 4.3 GPa for HP3 (Figure 
5.10). Figure 5.11 shows the SEM micrographs of the surface of the HP0 and HP3 samples after 
microhardness tests. In the HP0 sample, de-cohesion of the particles along the inter-particle Al-
rich areas is observed (Figure 5.11(a)), which indicates that the inter-particle regions are the 
weak point in the bulk material produced from the as-atomized powder. Interestingly, no particle 
de-cohesion is observed in HP3 (Figure 5.11(b)). Instead, a crack near the tip of the indentation 
imprint is created (Figure 5.11(c)). The crack preferentially originates from the inter-particle 
areas and propagates through the Al matrix with increasing load. The path of the crack is not 
straight, as shown in Figure 5.11(d); instead, the crack is locally deflected by the intermetallic 
particles and its propagation is retarded. This suggests that crack bridging is induced by the hard 
intermetallic skeleton.  
 
 
Figure 5.10 Hardness of the bulk samples as a function of the milling time (0 h = HP0, 50 h = HP1, 80 h 
= HP2 and 100 h = HP3). 
  
94 
 
 
Figures 5.11 SEM micrographs of the surface after microhardness test for: (a) HP0 and (b),(c),(d) HP3. 
 
 
 
Figure 5.12 Room temperature compressive stress-strain curves for the HP0, HP1, HP2 and HP3 samples.  
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Figure 5.13 Yield strength, ultimate strength and Young’s modulus of the HP samples as a function of the 
milling time.  
 
Typical room temperature uni-axial compressive stress-strain curves for the HP samples 
are shown in Figure 5.12 and the corresponding values of yield and ultimate strength are 
summarized in Figure 5.13. Strikingly, the already high strength of HP0 increases significantly 
with increasing the milling time. More specifically, the yield and ultimate strengths increase 
from ~ 0.93 and ~ 1.28 GPa for HP0 to ～1.37 and ～ 1.77 GPa for HP3. This is combined with 
plastic deformation ranging between 2 and 4 %. Such strength level is even higher than the 45 
carbon steel and it has been never reported for any kind of Al alloy, including amorphous alloys.  
The observation of the fracture surfaces after compression tests indicates that inter -
granular fracture is the main fracture mode for HP0 (Figure 5.14(a)), trans-granular fracture is 
the main fracture mode for HP2 (Figure 5.14(d)-(f)) and HP3 (Figure 5.14(g)-(i)), and HP1 
displays both inter-granular and trans-granular fracture modes (Figure 5.14(b) and (c)). The 
bimodal-like structure consisting of coarse and fine regions shown in Figure 5.3(e) can be also 
observed in the fracture surface of HP1 (Figure 5.14(c)), HP2 (Figure 5.14(d)) and HP3 (Figure 
5.14(i)). 
The mechanical properties of HP0 and HP3 were further examined at elevated 
temperatures. Figure 5.15(a) shows the compressive stress-strain curves of HP0 at different 
temperatures. The yield strength decreases from 0.93 GPa at RT to ~ 0.96, ~ 0.67 and ~ 0.25 
GPa at 423, 523 and 623 K, respectively and the ultimate strength decreases from 1.28 GPa at 
RT to ~ 1.27, ~ 0.91 and ~ 0.45 GPa at 423, 523 and 623 K, respectively. Even higher strengths 
are displayed by HP3; for example, the ultimate strength can reach 1.08 GPa at 523 K, as shown 
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in Figure 5.15(b). Such a high temperature strength is particularly impressive, because 
conventional Al alloys show very low strength at temperature above 473 K and, in general, they 
display strengths lower than 0.10 GPa at 573 K [2]. It is worth noting that in most cases the 
plastic deformation of the samples improves as the test temperature increases. 
 
 
Figure 5.14 SEM micrographs of the fractured surface after room temperature compression tests for the 
samples: (a) HP0, (b,c) HP1, (d-f) HP2 and (g-i) HP3. 
 
      
Figure 5.15 Compressive tress-strain curves at different temperatures for: (a) HP0 and (b) HP3. 
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High-performance engineering materials necessitate both high yield strength and large 
Young’s modulus. Materials with high strength and low modulus tend to buckle before the 
yielding upon loading, and those having high modulus and low strength tend to yield before 
buckling [3]. The Young’s modulus for HP3, evaluated from the linear elastic region of the 
stress-strain curves, is 119 GPa, which is similar to the value determined by ultrasonic 
measurements (116 GPa). The Al84Gd7Ni6Co3 alloy has a low density of ~3.75 g/cm
3, which 
leads to very high specific properties; for example, the specific strength of HP3 is 471 kNm/kg 
and its specific Young’s modulus is 32 MNm/Kg.  
 
 
Figure 5.16 Hardness tests of HP3 performed by nanoindentation: (a) overview of the hardness 
distribution, (b) the different hardness value in CR and FR, (c) typical nanoindention morphology for the 
CR and FR and (d) typical load-depth curves of nanoindention for CR and FR.  
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The key factor for inducing such strength levels is associated with the microstructural 
changes induced by milling. As mentioned previously, the relative amount of the coarse and fine 
regions can be effectively modified by the milling process. As a result of the smaller size of the 
phases and of the resulting Hall-Pecth effect, the strength and hardness of the fine regions is 
expected to be higher than that characterizing the coarse regions. This is confirmed by 
nanoindentation measurements indicating that the average hardness of the fine regions is as high 
as 7.0 GPa as measured, whereas it is about ~5.8 GPa for the coarse regions (Figures 5.16(a) and 
(b)). Also, the coarse regions exhibit a smaller slope in the loading segment of the load-depth 
curve, indicating a lower elastic modulus (Figure 5.16(d)). The decreasing volume fraction of the 
inter-particle Al-rich areas (Figure 5.4(b)) may also give some contribution to the hardening 
enhanced by milling because these areas exhibit the lowest hardness among the nanoindentation 
measurements (see Figure 5.16(a)). However, the hardness of HP3 is much higher than that of 
HP2 while both of them have a similar volume fraction of inter-particle Al-rich areas, suggesting 
a limited contribution of this aspect to the enhanced hardness. 
 
 
Figure 5.17 Schematic illustration of the microstructure-property correlation resulting from milling.  
 
The microstructure-property correlation resulting from the milling process is 
schematically summarized in Figure 5.17. The as-atomized powder can be considered as a 
mixture of large crystalline particles and small amorphous particles. During milling, the small 
amorphous particles adhere to the surface of the large crystalline particles and form an 
amorphous layer around the crystalline cores. With further milling, amorphization takes place in 
the crystalline cores, drastically reducing their size. Subsequently, the milled powders are hot 
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pressed to form bulk samples showing a bimodal-like microstructure consisting of coarse (CR) 
and fine (FR) regions. At last, the HP samples undergo compressive deformation, where the 
cracks preferentially originated near the inter-particle Al-rich areas, propagate along the fine 
regions and are mostly blocked by the coarse regions.  
 
5.1.3 Deformation mechanism 
The combination of high strength and large plasticity is a major objective pursued in the 
development of engineering components: high strength assures optimal performance under high 
loads and large plasticity is essential for materials forming, shaping and machining, and to 
prevent catastrophic failure [3]. However, high strength and large plasticity are generally 
mutually exclusive in conventional materials because they both rely on dislocation-based 
mechanisms. Similarly, high strength nanocrystalline materials often display insufficient plastic 
deformation owing to the limited ability to store dislocations and to the lack of strain hardening 
[4]. Without adequate hardening ability to resist excessively large local strains, the stress is 
highly concentrated, resulting in localized plastic deformation, which can take the form of shear 
bands, finally leading to catastrophic failure with negligible macroscopic plastic strain.  
In order to improve the room temperature plastic deformation of nanostructured 
materials, ‘soft’ areas, such as highly deformable micrometer crystalline phases, may be 
introduced into the brittle nano-scaled matrix [5]. The soft phase can deform through dislocation 
activity, thus contributing to the plasticity of the material, and can additionally act as obstacle to 
constrain the excessive deformation in the localized shear bands as well as seed for the initi ation 
of multiple shear bands [5,6].  
The remarkable mechanical behavior of the samples developed in this work can be 
analyzed in a similar way. The exceptionally high strength can be attributed to their unique 
microstructure consisting of an intermetallic skeleton along with isolated nano-scaled fcc-Al. 
The major contribution to the strength most likely results from the size of fcc-Al in the coarse 
and fine regions (about 100 nm), which may provide high strength as a result of the Hall -Petch 
effect. 
The Hall-Petch behavior can be explained by considering the pile-up of dislocations at 
the grain boundaries [7]. The length of the dislocation pile-up becomes shorter with decreasing 
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the grain size. This results in a lower stress concentration in the front of the pile-up and, 
therefore, increasingly higher forces are needed to activate a dislocation source in the adjacent 
grain, giving rise to the observed strengthening of the material with grain size refinement. When 
the grain size is reduced below a critical size, the dislocation movement becomes difficult and 
other mechanisms may come into play, including twinning or grain boundary-mediated 
mechanisms (e.g. grain rotation, grain boundary sliding and grain boundary diffusion) [7, 8]. 
Therefore, the deformation mechanism of nanocrystalline materials can be regarded as the 
competition between lattice dislocation slip, which increases the strength, and grain boundary 
mechanisms, which soften the materials. 
 
  
Figure 5.18 (a) and (b) TEM micrographs of the HP3 sample after compression test. 
 
The highest strength for aluminum alloys is reported for grain sizes of about 10 nm [7]. 
With further grain refinement, grain boundary-mediated mechanisms, such as grain boundary 
diffusion, may overwhelm the lattice dislocation slip and the inverse Hall-Petch behavior is 
observed [6]. It has been reported that the average value of the critical distance between two 
dislocations for Al is 8.4 nm [9]. Therefore, below this size the dislocation pile-up mechanism is 
expected to be no longer valid. Figures 5.18(a) and (b) show the bright-field TEM of the HP3 
after compression tests. Dislocations are difficult to be found within the fcc-Al phase (bright 
areas) even if the stress applied to the samples is extremely high. As discussed earlier, if the 
lattice dislocation slip is no longer operative, other deformation mechanisms, such as the grain 
boundary sliding, are expected to be activated. However, grain boundary sliding may also be 
(b) (a) 
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suppressed by the rigid intermetallic skeleton due to the high-angle boundary between the 
intermetallic phases and fcc-Al (Figure 5.6(e)). 
Owing to the limitation of lattice dislocation slip and grain boundary slip, fcc-Al can 
reach a remarkably high strength comparable to the fracture strength of the intermetallic phases. 
This, in turn, may also result in the formation of nanotwins. The occurrence of twins in fcc-Al 
crystals is extremely difficult because of the high stacking fault energy and the large number (24) 
of slip systems in Al [10]. However, in the present alloys, the limited sl ip deformation results in 
a high local stress that may overcome the critical value required for twinning. This is 
corroborated by the TEM results presented in Figures 5.19(a) and (b), which show the formation 
of nanotwins in the fine regions of HP3.  
 
 
Figure 5.19 (a) and (b) TEM micrographs of the fine regions in HP3 after compression test, revealing the 
formation of nanotwins.  
 
The bimodal-like microstructure of the present samples, consisting of relatively soft 
coarse regions along with hard and (presumably) brittle fine regions, may account for their good 
plastic deformation. Cracks preferentially originate from the inter-particle areas and, during 
propagation, are locally deflected by the intermetallic skeleton (Figures 5.11(d)), which act as a 
crack bridging microstructural feature for the local toughening of the material. Additional  
obstacles to crack propagation are clearly visible at larger scales (Figure 5.20). Here, the cracks 
(yellow dotted lines) preferentially propagate through the brittle fine regions and their 
propagation is arrested by the coarse regions, which are softer (Figure 5.16) and consequently 
more deformable than the fine regions.  
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Figure 5.20 SEM micrograph of the polished fracture surface of HP3, showing that the propagation of the 
cracks (yellow dotted lines) through the fine regions (FR) is blocked by the coarse regions (CR). 
 
The deformation features outlined in this section are schematically summarized in 
Figures 5.21(a) and (b). Cracks initiate at areas where the local stress is higher than that of the 
intermetallic or fcc-Al phases. Because of the limited deformation, the stress required for the 
initiation of a crack is extremely high. The cracks propagate through the fcc-Al matrix and are 
locally deflected by the intermetallic skeleton. In this process, the intermetallic skeleton acts as a 
crack bridging feature and locally hampers the propagation of the cracks. If there are no cracks to 
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release the energy, the local stress may surpass the required stress for the nucleation of 
nanotwins that are supposed to occur in the fcc-Al matrix. 
 
 
Figure 5.21 Schematic illustration of the deformation mechanism for the hot pressed Al84Gd6Ni7Co3 
alloys: (a) before and (b) after deformation.  
 
5.1.4 Fretting wear 
The wear properties of engineering components have a significant effect on their 
durability, especially in automotive applications like pistons, cylinder heads etc. [11]. In this 
section, the wear properties of the HP0 and HP3 samples are investigated using fretting wear 
tests (experimental details are given in Chapter 2). Fretting was first reported by Eden, Rose, and 
Cunningham in 1911, who found that brown oxide debris was formed in the steel grips of their 
fatigue machine in contact with a steel specimen [11]. Fretting wear is a complex process 
involving the interaction of various physical phenomena between two contact surfaces (friction, 
wear, adhesion, transfer, etc.), and the chemical reactions which occur on the surface and in the 
subsurface layers. It is associated with small-amplitude oscillatory movements that may occur 
between contacting surfaces [12]. In industry, fretting wear commonly occurs during vibrations 
resulting from the members of the contact being subjected to a cyclic stress (i.e. fatigue), which 
include fatigue load, heat expansion stress, rotation of engines and gas flow fluctuations.  
Figures 5.22(a) and (b) display the damage surface of the HP0 and HP3 samples after 
fretting wear tests. The surface damage exhibits pits, grooves, fretting craters, and plastic 
deformation. The damaged surface can be divided into three regions: central region, slip region 
(a) (b) 
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and annulus outer region. In the central region, a shallow pit resulting from the severe 
deformation and high stress concentration can be observed (Figures 5.22(a) and (c)). Abrasive 
wear plays a dominant role in the central region due to the torn out of the metal and its oxidation 
during fretting, resulting in significant wear volume loss. Figures 5.22(b) and (d) show the slip 
region, where scratches (grooves), craters, plastically deformation and debris are observed. The 
debris mostly comes from the abrasive wear occurring in the central region and it is trapped in 
the slip region because it is difficult to be removed out of the convex surface. The debris is 
heavily deformed due to the compression between the hard steel ball and the surface of the 
samples. The wear debris particles then form grooves on the surface of the samples in the slip 
direction during fretting, as seen in Figures 5.22(b) and (d).  
 
 
Figure 5.22 SEM micrographs of the wear scars after fretting tests in the samples: (a) and (b) HP0; (c) and 
(d) HP3. 
 
Because the wear debris particles carry part of the load, they cause concentrated pressure 
peaks on the contact surfaces. The pressure peaks may well be the origin of crack nucleation 
generally observed in the oxide layers and in the bulk of the samples [13]. However, no cracks 
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are observed on the surface of the HP0 and HP3 specimens after fretting, which may be due to 
the high hardness of these materials. The annulus outer regions bear the lowest normal stress but 
the highest tangential stress. As a result, in the annulus outer region, HP0 and HP3 are easily 
plastically deformed and bulged. 
 
 
    
Figure 5.23 Typical morphologies of the wear surface investigated using BMT Expert 3D for : (a) HP0; 
(b) and (c) HP3. 
 
HP0 and HP3 exhibit similar wear behavior: fretting occurs mainly through abrasive wear. 
Fretting fatigue, the other major mechanism of fretting wear, which is due to the generation of 
cracks and cyclic stresses, is not observed in these samples. However, differences exist between 
the fretting wear of HP0 and HP3. As seen in Figures 5.22(a) and (c), the area of the shallow pit 
is smaller in HP3 than in HP0. In addition, in the HP3 sample, the width of the grooves become 
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shorter and their depth is lower compared with HP0 (Figure 5.23), indicating enhanced wear 
performance of HP3 with respect to HP0. This is confirmed by the wear volume after the wear 
tests, which is 0.12 mm3 for HP3 and 0.14 mm3 for HP0. 
 
 
Figure 5.24 SEM micrographs of the wear scars after fretting tests in the samples: (a) and (b) pure 
aluminum; (c) and (d) Al88Si12. 
 
In order to better evaluate the wear performance of the hot pressed Al84Gd6Ni7Co3 alloys, 
the wear behavior of pure aluminum and Al88Si12, produced by hot pressing using the same 
parameters as used for the fabrication of HP0 and HP3, was also studied. The SEM micrographs 
shown in Figures 5.24(a) and (c) clearly indicate that the damaged area for pure aluminum and 
Al88Si12 is considerably larger than for the Al84Gd6Ni7Co3 alloys, demonstrating that HP0 and 
HP3 have much better wear resistance. Unfortunately, the wear volume for pure aluminum and 
Al88Si12 was not possible to be measured due to instrumental limitations (i.e. the depth of the 
damaged area is too deep to be measured). Similarly to HP0 and HP3, metal debris, scratches, 
craters and signs of plastic deformation are visible in the damaged surface of pure aluminum and 
Al88Si12 (Figures 5.24(b) and (d)). In addition, fatigue cracks are also observed, indicating that 
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the wear mechanism of pure aluminum and Al88Si12 consists of abrasion and fatigue. This is most 
likely due to the higher hardness of the Al84Gd6Ni7Co3 samples compared to pure aluminum and 
Al88Si12, as mentioned earlier. 
 
5.1.5 Corrosion 
In many industrial processes, such as manufacturing of nitric acid-based explosive, 
catalytic decomposition of ammonia, processing of ammonium nitrate, aluminum is frequently 
exposed to or gets in contact with nitric [14]. Pure aluminum exhibits excellent corrosion 
resistance in oxidizing environments due to the formation of a protective oxide film; however, 
aluminum suffers severe corrosion in nitric acid: for example, the corrosion rate is of the order of 
4.0 mm/y in a nitric acid with concentration range of 20-40 %, even at room temperature [14,15]. 
In this section, the corrosion behavior of the bulk HP0 and HP3 samples in 0.1 M HNO3 at room 
temperature is presented. For comparison, the corrosion of pure aluminum samples, produced 
using the same conditions as used for HP0 and HP3, is also shown.  
Corrosion of aluminum is generally of local nature, because of the separation of anodic 
and cathodic reactions and solution resistance limiting the galvanic cell size. Metal dissolution 
has been proposed to be the basic anodic reaction, whereas oxygen reduction and hydrogen 
reduction in the acidified solution to be the basic cathodic reaction [16]. The mechanism for the 
dissolution of aluminum in nitric acid is given by [17]: 
                
                                                   (5.1) 
              
              
                                  (5.2) 
                
                                                    (5.3) 
            
            
                                              (5.4) 
The reaction (5.4) between the hydrated cation and the anion is the controlling step in the 
metal dissolution [18]. 
Figure 5.25 displays the plots of weight loss (expressed in mg/cm3) versus the immersion 
time varying from 1 to 14 days. The weight loss increases with increasing corrosion time for 
HP0, HP3 and pure aluminum. For example, HP0 displays weight loss of 0.36 mg/cm3 after one 
day and 5.17 mg/cm3 after 14 days. Among the different samples, HP0 exhibits the best 
corrosion resistance. Interestingly, the weight loss is highest for HP3, indicating that HP3 has the 
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worst corrosion properties. After corrosion for 14 days, the weight loss is 5.14, 7.20 and 8.27 
mg/cm3 for HP0, pure aluminum and HP3, respectively.  
 
 
Figure 5.25 Weight loss of HP0, HP3 and pure aluminum as a function of the corrosion time.  
 
Figure 5.26 displays the SEM micrographs of the surface of HP0, HP3 and pure 
aluminum after exposure to 0.1 M HNO3 solution for 14 days. The main corrosion behavior of 
pure aluminum is most likely pitting corrosion, intergranular attack and exfoliation corrosion, as 
seen in Figures 5.26(a) and (b). In HP0, intermetallic particle etchout, resulting from the 
corrosion of aluminum surrounding the intermetallic particles, comes into play; in addition, 
preferential corrosion occurs at the Al-rich areas, as shown in Figures 5.26(c) and (d). As a result, 
the main corrosion mechanism for HP0 consists of pitting corrosion, intermetallic particle 
etchout and inter-particle corrosion of aluminum. The enhanced corrosion resistance of HP0 
compared to pure aluminum (Figure 5.25) may be due to the higher resistance to corrosion of the 
intermetallics with respect to pure aluminum. For the HP3 sample, pitting corrosion and 
intermetallic particles etchout are also observed (Figures 5.26(e) and (f)). Although in HP3 the 
amount of inter-particle Al-rich areas is lower than for HP0 (Figure 5.4(b)), the corrosion of 
these areas has a predominant role. This can be ascribed to the finer microstructure of HP3 
compared to HP0, which may consequently be more prone to corrosion. 
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Figure 5.26 SEM micrographs of the samples surface after exposure to 0.1 M HNO3 solution at room 
temperature for 14 days: (a,b) pure Al, (c,d) HP0, (e,f) HP3. 
 
 
The results described above permit to divide the corrosion behavior of the hot pressed 
Al84Gd6Ni7Co3 samples into three main consecutive stages: (1) corrosion of -Al in the matrix 
and in the inter-particle regions; (2) etchout of the intermetallic phases due to the loss of the 
surrounding aluminum; (3) de-cohesion of the consolidated particles because the deep corrosion 
of aluminum in the inter-particle regions.   
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Conclusions  
In this thesis, the effect of the initial structural state, thermal stability and phase evolution 
during heating of the amorphous particulate precursor on the microstructure and related 
properties of Al84Gd7Ni6Co3 bulk samples produced by combined consolidation and 
crystallization has been investigated. 
Ball milling was used to vary the microstructural state of the starting Al84Gd7Ni6Co3 
powder. Milling has a significant influence on the structure and thermal stability of the powder. 
The traces of crystalline phases present in the as-atomized powder can be reduced by ball milling, 
thereby improving the thermal stability of the material. The crystallization of the Al 84Gd7Ni6Co3 
powder can be divided into four stages: (stage I) structural relaxation; (stage II) primary 
crystallization of fcc-Al; (stage III) eutectic crystallization of Al 9Co2, and (metastable) Al11Gd3 
phases; (stage IV) decomposition of the metastable phase Al11Gd3 and formation of the 
Al19Gd3Ni5 and Al3Gd phases. Although BM has no visible influence on structural relaxation, it  
significantly changes the crystallization behavior. The onset temperature of the primary 
crystallization increases with increasing the milling time, whereas the formation of the 
intermetallic phases shifts to lower temperatures. Milling also changes the relative amount of the 
phases during annealing. The hardness of the Al84Gd7Ni6Co3 powder increases with increasing 
the milling time. The evolution of the hardness demonstrates that the microstructural changes of 
the powder have a significant effect on their macroscopic properties. 
Al84Gd7Ni6Co3 bulk samples were produced from the powder ball milled for 100 h by hot 
pressing at different temperatures. The phase evolution with increasing hot pressing temperature 
is similar to what observed for the parent as-milled powder: primary crystallization of fcc-Al 
followed by the formation of the Al19Gd3Ni5, Al9Co2 and Al11Gd3 phases. Al11Gd3 is a 
metastable and decomposes to Al19Gd3Ni5 and Al3Gd at higher temperatures. With increasing 
hot pressing temperature, the microhardness of the bulk samples increases at low hot pressing 
temperatures and then it decreases quickly because of the grain growth and the phase 
transformations occurring during heating. The bulk samples produced from the milled powder 
display significantly higher yield strength, ultimate strength and Young’s modulus compared to 
the corresponding bulks prepared from the as-atomized powder. Depending on the hot pressing 
temperature, the yield and ultimate strengths can reach values of about 1.68 and 1.8 GPa. This 
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can be combined with plastic deformation exceeding 3.5 % and Young’s modulus of 126 GPa. 
The effect of the hot pressing temperature on the fracture toughness was also studied. Indentation 
experiments reveal that the fracture toughness increases quickly from 2.8 MPa √m for hot 
pressing at 573 K to 35.9 MPa √m for the consolidation at 823 K.  
The microstructure of the bulk Al84Gd7Ni6Co3 materials produced by hot pressing of the 
ball milled powder results directly from the microstructure of the glassy powder during milling. 
The as-atomized powder consists of large particles with a high density of crystalline precipitates 
and small particles with a featureless amorphous appearance. At the initial stages of milling, the 
small amorphous particles adhere on the surface of the larger crystalline particles (which remain 
relatively unaffected) and, with increasing the milling time, they form particles with a composite 
structure consisting of an irregular amorphous layer that completely covers the crystalline core. 
The thickness of the amorphous layer grows with increasing the milling time and after 100 h the 
crystalline core is barely visible, which indicates that amorphization during milling extends from 
the surface to the interior of the particles and finally involves the crystalline cores. The 
microstructure of the bulk samples clearly resembles the composite-like structure of the parent 
milled powder and consists of regions with coarse precipitates surrounded by regions containing 
fine nano-scaled phases. The coarse regions correspond to the crystalline cores in the milled 
powder and the fine regions to the surrounding amorphous layers. The amount of the coarse 
regions decreases with increasing the milling time, in agreement with the reduced size of the 
crystalline cores in the powder. Microstructural investigations reveal that coarse and fine regions  
display a similar hybrid structure consisting of an intermetallic skeleton which divides the Al 
matrix into small submicron-sized areas. The interface between fcc-Al and the intermetallic 
phases is well developed and continuous.  
The variation of the relative amounts of the coarse and fine regions with milling has a 
remarkable effect on the room temperature mechanical properties of the hot pressed samples. 
The yield and ultimate strengths increase with increasing the milling time. This indicates that the 
mechanical behavior of the Al84Gd7Ni6Co3 alloy not only can be tuned by varying the hot 
pressing temperature, but also by selecting the proper milling period of the amorphous 
particulate precursor. Additionally, these alloys exhibit excellent high temperature mechanical 
properties. The yield and ultimate strength for the bulk materials produced from the as-atomized 
powder are ~0.67 GPa and 0.91 GPa when the test temperature is 523 K. The strength can be 
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further improved by hot pressing the milled powder; for example, the ultimate strength can reach 
1.08 GPa at 523 K. The increased strength with increasing milling time of the powder can be 
attributed to the increased amount of the fine regions in these samples, which in turn is related to 
the hardness of the different microstructures: the hardness of the fine regions can reach about 7.0 
GPa, whereas it is ~5.8 GPa for the coarse regions.  
These alloys also display improved wear properties compared to pure aluminum and 
Al88Si12. The main mechanism for these alloys is abrasive wear. The wear resistance of the bulk 
samples produced from the milled powder is enhanced with respect to the specimens fabricated 
from the as-atomized powder. In contrast, the bulk samples produced from as-atomized powder 
has better corrosion resistance than the samples obtained from the milled powder. The corrosion 
behavior of the hot pressed Al84Gd6Ni7Co3 samples can be divided into three main consecutive 
stages: (1) corrosion of -Al in the matrix and in the inter-particle regions; (2) etchout of the 
intermetallic phases due to the loss of the surrounding aluminum; (3) de-cohesion of the 
consolidated particles because the deep corrosion of aluminum in the inter-particle regions. 
Summarizing, the exceptionally high strength of the present samples can be ascribed to 
their unique microstructure consisting of an intermetallic skeleton along with isolated nano-
scaled fcc-Al. The major contribution to the strength most likely results from the size of fcc-Al 
in the coarse and fine regions (about 100 nm), which may provide high strength as a result of the 
Hall-Petch effect. The lattice dislocation slip operated limitedly due to the nano-scaled phase and 
the grain boundary sliding may also be suppressed by the rigid intermetallic skeleton due to the 
high-angle boundary between the intermetallic phases and fcc-Al. As a result, fcc-Al can reach a 
remarkably high strength comparable to the fracture strength of the intermetallic phases. 
Nanotwins forms occasionally in the fcc-Al phase due to the high local stress. The good plastic 
deformation results from the unique bimodal-like microstructure, consisting of relatively soft 
coarse regions along with hard fine regions. Cracks preferentially originate from the inter-
particle areas and, during propagation, are locally deflected by the intermetallic skeleton, which 
act as a crack bridging microstructural feature for the local toughening of the material. Also, the 
propagation of the cracks is arrested by the coarse regions because they are softer and 
consequently more deformable than the fine regions.  
 The results presented in this thesis indicate that, through the appropriate choice of the 
sintering temperature and by the careful control of initial structural state of the powders, the 
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combined crystallization and consolidation of amorphous precursors can be successfully used to 
produce bulk Al-based materials with the desired hybrid microstructure and with excellent and 
tunable physical and mechanical properties. This expands the known boundaries of Al alloys and 
offers a new route for the development of novel and innovative high-performance Al-based 
materials capable to meet specific requirements.  
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